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A b stra ct

The present research work presents the multiscale modeling of nano-indentation 

into nickel-aluminum nano-layers using the coupled atomistics and discrete dislo

cation (CADD) model. In this work, the model has been extended to study the 

layered structures to reveal how the microscopic mechanisms lead to the observed 

indentation responses. Simulation results showed that the misfit dislocations at the 

interface played an important role to initiate the plastic deformation in the lay

ered structures. The movements of misfit dislocations and their dissociation events 

from the interface were found to be affected largely by the stress field induced by 

the indenter. Load-displacement and hardness-displacement plots for different Ni-Al 

models were evaluated and their responses were compared with the behaviors of the 

pure metals. The hardness trends for all simulation models displayed their depen

dence upon simultaneous contributions from the indentation size effect (ISE) and 

the hardening effect. It was also observed tha t the atomistic consideration near the 

interface captured the dislocation/interface interactions more accurately compared 

to the continuum model.
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Chapter 1 

Introduction

1.1 M ultilayer structures and their properties

Measuring and understanding the mechanical properties of thin film structures, con

sisting of alternating nano-scale multilayers, have been a recent area of active in

vestigation due to their enhanced hardness, tensile strength, corrosion resistance 

and wear resistance properties compared to monolithic coatings of the constituent 

materials [1], [2]. Some of the nanolayered metals, ceramics and alloys even exhibit 

super-elasticity tha t ensures large elongation of solids without failure at relatively 

low temperature and high strain rates [3]. Early multilayer coatings consisted of a 

layer of nitride or carbide and an oxide, such as TiN or TiC and A120 3, and were 

used to improve the life of cutting tools. The nitride/carbide layer ensures strength 

and the oxide layer provides corrosion resistance to make the structure very use

ful in cutting applications. Though the thickness of the individual layers of early 

multilayer coating was of several microns thick, a new class of multilayer structure 

has emerged that consists of very thin (2-10 nm) layers and exhibits extremely high 

hardness [4]. Experimental results also showed tha t metallic multilayered structures 

made of two kinds of metals, even those made from soft metals, exhibit significant 

increase in yield and fracture strengths with decreasing bilayer thickness [1], [5]. This 

enhancement is not easily attainable by traditional microstructures. However, below 

a critical bilayer period, the hardness values may remain constant or even decrease

1
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with bilayer thickness [1]. The secret of such behavior actually lies in the plastic 

deformation of these materials. Over the years, understanding of plastic deforma

tion of materials at nanometer length scale is a challenge in materials science. The 

plastic behavior of materials at such a small length scale is mainly controlled by the 

nucleation and motion of lattice dislocations [6]. Although, dislocations are sim

ple line defects of the materials, the ways those defects nucleate and interact with 

each other and with grain boundaries, are very complex in nature [7]. In coarse 

grained materials the motion of dislocations within individual grains is hindered by 

the grain boundaries, which results in dislocation pile-ups against them. Further 

reduction in grain size introduces more obstacles to the dislocation motion, thereby 

making metal harder to deform. This strengthening mechanism is expressed by the 

Hall-Petch relation. However, at very small grain sizes the Hall-Petch relation breaks 

down and even becomes a reverse one [8]. Moreover, there are some other factors, i.e. 

modulus mismatches, lattice parameter mismatches, gamma surface mismatches and 

slip-plane mismatches between adjacent layers, that have also been attributed for 

this enhancement [9]. A detail discussion about hardness enhancement at nanometer 

length scale will be presented in Chapter 2. Though very high hardness or strength 

has already been observed in many nanomaterials, in most of the cases they have 

low ductility due to the physical nature of plastic deformation. But several investi

gations have also been carried out for materials having both of these two opposing 

characteristics. Wang et al. [10] created a “bimodal” structure of micrometer-sized 

grains embedded in a matrix of nanocrystalline grains that showed extraordinarily 

high ductility, but also retained its high strength. In such structures, nanocrys

talline grains provide strength and the embedded larger grains stabilize the tensile 

deformation of the material [10]. A few authors have proposed a so-called rotational 

plasticity [11] that also led to high strength and ductility in nanostructured m ate

rials. Such occurrence became possible through the formation of a nanometer sized

2
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grain structure in which sliding can occur at grain boundaries. It is thus necessary to 

explore all these underlying mechanisms that contribute to the enhanced mechanical 

properties of materials that are highly desirable for engineering applications and can 

be exploited to make “next-generation” materials .

1.2 N ano-indentation

During the last several years, nano-indentation testing has become an integral part 

of modern materials science to characterize the mechanical behavior of materials 

of very small volume. Although the test involves simply penetrating a specimen 

of interest with an indenter, the information tha t can be achieved from this test 

has much importance. In practice, the goal of such testing is to measure different 

mechanical properties, i.e. elastic modulus, hardness and contact stiffness, of the 

specimen under consideration from indenter load and penetration depth. Several 

researchers proposed several ways to interpret the load-displacement curves and to 

extract data from it for different materials, and the results showed good estimation 

of such materials’ properties. Present research work is thus focused on simulat

ing such nano-indentation testing into layered materials to elucidate the underlying 

mechanisms tha t contribute to the overall response of the system.

1.3 A tom istic  and m ultiscale m odeling

As we have discussed in our previous sections there are im portant phenomena oc

curring at many different length scales that contribute to mechanical properties. 

These length scales range from angstrom to micrometer. Since experimental mea

surements and conventional theoretical modeling based on a continuum approach 

cannot offer a microscopic view of the physics at such small length scales, atomistic 

simulations are becoming increasingly prominent in materials science to elucidate 

the effects of defects, surfaces and other microstructural features. Predictions re-

3
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suiting from this atomic-level understanding are a vital source of information for 

directing experimental research. Fully atomistic simulations are essential to analyze 

atomic scale phenomena, but may involve millions of atoms to simulate the whole 

structure. This may reduce the performance of computers for their limitations in 

memory requirements and simulation time. To overcome this problem a multi-scale 

material modeling approach has emerged, whereby atomistic modeling is used in 

conjunction with a continuum approach to link both time and length scales. In the 

multi-scale modeling approach, atomistic calculation is used in regions where atomic 

scale defect nucleation and interaction effects are important, whereas a continuum 

scheme is applied to the rest of the system by dividing it into linear elastic finite 

elements to reduce overall computation time [12],[13],[14],

1.4 M otivation  o f th is research

Nanolayer coatings find their applications in gas turbine engines in the aerospace 

industry and also in the high-speed machining tools to protect erosion and wear. 

Figure 1.1 shows a multilayer coating on Ti substrate, which consists of Ti, Cr and 

TiN/CrN superlattice. Multilayer coating makes the structure hard, tough and envi

ronmental resistant. Hardness of such structure can be as high as 20-40 GPa. TiN is 

hard compared to CrN, but the TiN/CrN  superlattice coating exhibits much higher 

hardness in comparison with monolayered TiN and CrN coating. In our present re

search work two different types of materials, Ni and Al, have been selected to create 

different film-substrate systems to simulate this physical phenomenon. One of our 

main objectives was to understand the different atomic scale phenomena, i.e. dislo

cation nucleation and dislocation-grain boundary interactions tha t contribute to the 

macroscopic mechanical behavior of these film-substrate systems. A new multiscale 

modeling approach, Coupled Atomistic Discrete Dislocation (CADD) method, has 

been adopted to simulate the behavior of these systems during nano-indentation.

4

Reproduced with permission of the copyright owner. Further reproduction prohibited without permission.



Figure 1.1: Multilayer coating on Ti-6A1-4V substrate. The multilayer coating con
sists o f Ti, Cr and T iN /C rN  superlattice (Picture obtained from NRC, ACE2003- 
AM TC, Sept 11, 2003).

1.5 T hesis outline

This thesis is divided into five chapters. This chapter provides a brief introduction 

about multilayered structures at the nanometer length scale, their properties and 

applications, different modeling schemes and motivation of this work. Chapter 2 

is the literature review part of this thesis. It is mainly divided into two parts: a 

brief discussion about different physical problems and the methods of study of those 

physical problems. In the first part we will be discussing about thin films, their char

acteristics, preparation and applications. Moreover, nano-indentation in thin metal 

films and strengthening theories at the nanometer length scale will also be discussed 

in this part. In the second part, a brief review of atomistic modeling and different 

multiscale modeling schemes will be presented. Results from atomistic simulation of 

nano-indentation on bilayered and multilayered thin films will be discussed and some 

results from experimental work on metal thin films will also be presented. Chapter 

3 will mainly be focused on the coupled atomistic and discrete dislocation (CADD) 

method. This is a multiscale modeling scheme tha t has been used to simulate the 

problems in this thesis. The theory and solution procedure of the CADD method

5
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has already been published in [15],[16]. A brief review of the theory and solution 

procedure will be discussed first and then the details of our modifications to the 

existing CADD code will be presented. Simulations were performed on different 

bilayered and multilayered film-substrate systems. Nano-indentation simulation re

sults and analysis of those results will be presented in Chapter 4. Chapter 5 presents 

concluding remarks based on the results obtained from the present work and also 

gives recommendations for future work.

6
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Chapter 2 

Background M aterial and 
Literature R eview

Understanding of the fundamental nature of materials has dramatically increased 

throughout much of the twentieth century tha t led to the development of materials 

science and engineering. During this period a wide variety of metallic, polymeric, 

nuclear, ceramic and electronic materials have emerged, and a number of reliable 

methods to process these materials in bulk and thin-film forms have been developed. 

Thin film processing is one of the oldest arts and one of the newest sciences tha t have 

been subjected to countless investigations since the first films were fabricated more 

than one hundred years ago. They were first employed as coatings of precious metals 

and later found wide applications for corrosion protection. But in recent years thin 

films play a crucial role in the high tech industries. Major exploitation of thin films 

has been in microelectronics, whereas there are numerous and growing applications 

in communications, optical, electronics, magnetic and tribological fields [17]. Thin 

film structures in form of nano-scale multilayers exhibit high temperature stability, 

enhanced hardness, yield strength, corrosion and chemical resistance properties that 

make them very useful as a coating of the cutting tools, turbine and compressor 

blades to improve their life [4],[2],[18],[8],[19],[5],[20]. The term “thin film” refers 

to a very thin layer of gaseous, liquid or solid material, the thickness of which is 

usually regarded as being between 2-10000 A. Because of extreme thinness, thin

7
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films have very little strength and cannot be made self-supporting. Thus, they 

must be fabricated by deposition on to a suitable substrate. The main role of the 

substrate is to provide mechanical support of the thin film [21]. The primary interest 

in thin films is due to two effects. Firstly, a material in thin-film form sometimes 

has im portant properties that differ from those of the material in bulk. As the 

film becomes thinner the surface-to-volume ratios becomes larger and consequently 

the surface usually influences the film’s properties greatly. The other cause is the 

possibility of the miniaturization of electronic equipments, where thin films find one 

of their most useful applications [22], [21].

2.1 Preparation  o f th in  films

There are number of methods available to fabricate thin films. The method to be 

used will depend on the material to be deposited and the substrate itself. Among 

numerous techniques, physical vapor deposition (PVD) and chemical vapor depo

sition (CVD) are probably the most widely used techniques for the preparation of 

thin films [23]. In this section a brief review of these methods will be presented.

2.1 .1  P h y sica l V apor D e p o s it io n

Physical vapor deposition (PVD), the term tha t includes both evaporation and sput

tering [17].

Evaporation

This technique is by far the most used for the deposition of thin films. It is very 

simple in essence. A vacuum or reduced pressure environment is created within 

a chamber by a vacuum pump. The exact pressure used will depend upon the 

particular type of film being produced. W ithin the chamber the material of which 

the thin film is to be made, and the substrate on which the film is to be deposited 

are placed. The thin film material acts as a source of vapor. The vapor source
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is usually placed in either a tungsten basket or an alundum crucible. Tungsten 

wires, refractory metal sheets, electron beams can act as a source of heat. Thin 

film material is heated until the metal vapor is evolved. Due to low pressure within 

the chamber the molecules radiate out from the source and deposit on the substrate 

[22], The evaporation rate, film uniformity and film purity depend upon the atomic 

weight and the vapor pressure of the element, temperature and evaporation co

efficient, vacuum pressure in the system and the design of the source. These factors 

not only affect the vaporization rate but also through chemical reactions during 

evaporation and condensation can profoundly modify the structural, electrical and 

optical properties of the film [23]. Moreover, the impurities that are initially present 

in the source and the heater and those originate from the residual gases present in 

the vacuum system have a profound effect in degrading many of the properties of 

evaporated films [17].

Sputtering

When atoms having high energies strike a surface, it forces the material from the 

surface to be ejected. This process is termed as “sputtering” . The material to be 

deposited on the substrate in the form of thin films is known as “target plate” . It 

is often termed as “cathode” , since it is connected to the negative terminal of the 

power supply. The substrate tha t faces the cathode may be grounded, electrically 

floating, biased positively or negatively, heated, cooled or some combination of these. 

The vacuum pressure is maintained in the system and a neutral gas, typically argon, 

is allowed to flow through the system while the sputtering takes place. This neutral 

gas serves as the medium in which a discharge is initiated and sustained. Micro

scopically, positive ions in the discharge strike the cathode plate and eject atoms 

from it through momentum transfer. The yield depends upon the properties of the 

target material, the energy and type of positive ions, and also on the geometric 

configuration. These released atoms are then become available to be deposited on

9
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a suitably placed substrate. A particular advantage of the sputtering technique is 

tha t a uniform thickness of film can be obtained over a large area. It also allows 

a much better control of composition when producing alloy films. This technique 

also allows flexibility in alternation of film composition if required [22],[17]. The 

sputtering process can be divided into four categories: (1) dc (2) RF (3) Magnetron 

and (4) reactive.

2 .1 .2  C h em ical V apor D e p o s it io n

Chemical vapor deposition is the chemical reaction, which transforms gaseous molecules, 

called precursor, into a solid material in the form of thin film or powder, to pro

duce a nonvolatile solid that deposits atomistically on a suitably placed substrate. 

Reactions so far used include: reduction of volatile halides; pyrolisis of thermal 

decomposition of hydrides or halides; disproportionation of halides; and reactions 

between volatile metal halides or oxides and vaporized elements, leading to the 

growth of compounds [23]. CVD processes have found increasing applications in 

solid-state electronic device fabrication, ball bearing and cutting tools production, 

and the production of rocket engine and nuclear reactor components. The main 

advantage of CVD methods is the ability to produce a large variety of films and 

coatings of metals, semiconductors, and compounds possessing high purity and de

sirable properties. This method also offers the benefits of relatively low cost of the 

equipment and operating expenses, suitability for both batch and semi-continuous 

operation, and compatibility with other processing steps. Hence, many varieties 

of CVD processing have been researched and developed in recent years, including 

low pressure (LPCVD), plasma-enhanced (PECVD) and laser-enhanced (LECVD) 

chemical vapor deposition [17].
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2.2 F ilm  growth

As the vapor atoms come in contact with a surface they condense and gradually 

build up a permanent position on the substrate. This is the earliest stage of film 

formation and termed as the nucleation stage of the film. During this stage, a uni

form distribution of small but highly mobile clusters or islands is observed. As the 

deposition continues, the prior atoms incorporate impinging atoms and the individ

ual islands grow both in size and number. W ith further deposition the individual 

islands come very close to each other and start to merge. This process continues 

until all the islands join to form a continuous thin film on the substrate surface. 

This collective set of events occurs during the early stages of deposition. Atoms are 

usually more strongly bound to the substrate than to each other. After formation 

of the first complete monolayer, a second layer is formed in a similar fashion tha t 

covers the previous one and the layer growth mode continues [22],[17].

2.3 A pplications o f th in  films

2 .3 .1  E lectr ica l and M a g n etic

Deposited films that exhibit ferromagnetism have been extensively developed for 

computer storage systems. The magnetization vector ensures two states of the film 

tha t help data storage in binary notation. Thin films behave as good supercon

ducting systems with well-defined transition temperatures and very small electrical 

resistance. Film structures also played very im portant role in the early development 

of semiconductor device physics, e.g. rectification, photoconduction and lumines

cence. Resistive and conductive films also have a number of applications. Deposited 

resistance films can be used for microelectronic circuits, hybrid circuits, electrome

chanical sensors, chemical sensors and heater elements etc. In a similar way thin 

conducting films can be used for the elimination of static electricity. Films can be
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made insulating to electrically conducting components, whatever, the main focus is 

to produce smaller and smaller complex electronic units of extremely high reliability 

[22], [17], [21], [23],

2 .3 .2  M eta llu rg ica l and p ro tec tiv e  coa tin gs

Several classes of solids, i.e. ionic ceramic oxides, covalent materials, transition metal 

compounds and metal alloys, are used to form hard, thermal and chemical protective 

coatings due to their extreme high hardness, very high melting point and resistance 

to chemical attack. Hard coatings are used to extend the life of cutting tools, dies, 

punches, and ball bearings by minimizing wear. Thermal coatings find their use 

in gas turbine engines to improve the performance and life of hot section compo

nents. Chemical protective coatings are used in chemical and petroleum industries 

to protect the underlying material from gaseous, aqueous environment tha t causes 

corrosion [17].

2 .3 .3  O ptical

Antireflection coatings are used on the lenses of all optical equipment, including 

cameras, microscopes, binoculars, telescopes and ophthalmic glasses. Systems with 

wide variety of optical filtering properties can be achieved by using multilayer op

tical thin films. Thin films are also employed in optoelectronic devices and optical 

communications, integrated optics and optical recording.

2.4 N ano-indentation

Indentation testing is a simple method tha t involves impressing the surface of a ma

terial of interest whose mechanical properties such as elastic modulus and hardness 

are to be determined with an indenter whose properties are known. The unique char

acteristic of nano-indentation testing is the length scale involved. Nano-indentation 

testing involves indenting the specimen usually in nanometers (10~9m) range rather
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than microns (10-6rn) or millimeters (10“3m), which is common in a conventional 

hardness test. Apart from the displacement scale involved, the distinguishing feature 

of most nano-indentation testing is the indirect measurement of the contact area be

tween the indenter and the specimen, which is one of the most important parameters 

tha t needs to be determined correctly to get accurate information about material 

properties. In conventional indentation tests, the area of contact is calculated by 

measuring the dimensions of the residual impression left on the specimen surface 

upon the removal of load. But, in nano-indentation test, the size of the residual 

impression is so small that it can not be conveniently measured directly. Thus, it is 

customary to determine the area of contact by measuring the depth of penetration of 

the indenter into the specimen surface [24]. It is not only hardness tha t is of interest 

for materials scientists. Indentation techniques can also be used to calculate elastic 

modulus, strain-hardening exponent, fracture toughness (for brittle materials), and 

viscoelastic properties [24],

2 .4 .1  In terp reta tio n  o f  load -d isp lacem en t curve

The most useful information tha t is usually extracted from nano-indentation testing 

is the load-displacement data. A complete nano-indentation test consists of a load

ing part followed by an unloading part. An indenter, shaped as spherical, conical or 

cylindrical, is initially placed in contact with the flat surface of the specimen. As 

the load steadily increases, the indenter penetrates through the surface. Both the 

load and depth of the penetration are recorded at each load step. After reaching the 

maximum load the maximum penetration depth is recorded. The initial part of the 

loading curve usually consists of an initial elastic deformation of the sample, followed 

by plastic flow, or yield, within the specimen at higher loads. Following the attain

ment of maximum load, the load is gradually removed as indenter moves out of the 

specimen at each load step. If any plastic deformation has occurred, the unloading
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Figure 2.1: Load vs. Displacement curve [24].

load-displacement data follow a different path than tha t of the loading data until 

zero applied load is reached. Upon complete removal of load a residual impression 

made by the indenter is obtained on the specimen surface. Figure 2.1 shows the 

typical pattern of the load-displacement curve, where, Pt and ht are the maximum 

load and maximum displacement respectively, hr is the depth of the residual impres

sion, hp is the depth of the contact circle and he is the displacement associated with 

the elastic recovery during unloading. Detail discussion about measuring different 

materials properties from load-displacement curve will be presented in the following 

section.

2 .4 .2  S tiffn ess, C on tact area, M o d u lu s and  H ard n ess m ea
su rem en t

The size of the area of contact, determined from known geometry of the indenter, 

together with the slope of the unloading curve measured at the tangent to the data 

point at maximum load, lead to a measure of both hardness and elastic modulus of 

the specimen material [24]. It is thus necessary to know the shape of the indenter 

and the profile of the unloading curve. In practice, spherical, conical, cylindrical
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or pyramidal indenters are commonly used. The profile of the unloading curve also 

varies w ith the geometry of the indenter. For example, the unloading response of 

the spherical indenter can be expressed as [24]:

P = ^ F /R 1/2he3/2 (2.1)

where, P is the indenter load, he is the elastic displacement of the indenter, E* 

is defined as the ‘reduced modulus’, and R is the relative radius of curvature. To 

calculate the contact stiffness, modulus, contact area and hardness, the slope of 

the initial portion of the unloading curve is to be used. This slope of the elastic 

unloading is calculated by taking derivative of the equations (2.1) with respect to 

he. For the case of a spherical indenter it will be [24]:

—  =  2 E*R1/2he1/2 (2.2)
ah

The term  ^  is sometimes referred to as the contact stiffness and gives the symbol 

S. For a rigid spherical indenter, Hertz showed tha t the elastic displacement is given 

by:

he = ~  (2.3)

where, a is the radius of the circle of contact. Substituting this equation into equation 

(2.2) gives [24]:

—  =  2E*R1/2^ t = 2 E*a (2.4)
dh R 2

Thus, the combined modulus of the system can be determined from the slope of the 

initial unloading:

£* =  —  — = -  —  f2 5l
dh 2a 2 dh \/~A

where, A  =  ira2, the area of contact [24], Pharr, Oliver and Brotzen have shown tha t 

equation (2.5) applies to any indenter tha t can be described as a body of revolution
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of a smooth function [25]. Hardness, which is defined as the resistance of a material 

from being deformed permanently while indentation, can be calculated from the 

following equation [26]:

H  = (2.6)
A

where, Pmax is the peak indentation load and A is the projected area of the residual 

impression. One of the most crucial aspect of nano-indentation testing is to mea

sure the projected area accurately. Several researchers proposed several methods 

of calculating the projected area. Among those, Pethica et al. suggested a simple 

method based on measured indentation load-displacement curves and a knowledge 

of the indenter area function, that is, the cross sectional area of the indenter as a 

function of the distance from its tip [27],[26]. According to their suggestion the final 

depth gives a better estimation of the contact area than the depth at peak load [26]. 

Doerner and Nix [28] based on their experimental observation, for some materials, 

proposed tha t the nature of the initial portion of the unloading curves (upper one 

third of the unloading curve), to be linear, that is, the area remains constant while 

unloading. But Oliver et al. in their work found different observations which suggest 

tha t the unloading curves are rarely linear, even in the initial stages of unloading 

[26]. They also found tha t unloading contact area changes immediately and contin

uously as the indenter is withdrawn. An improved technique suggested by Oliver 

et al. considers the curvature of the unloading curve tha t is used to determine the 

depth of penetration after complete removal of load. This depth should be used in 

conjunction with indenter shape function to measure the contact area at peak load. 

Figure 2.2 shows a cross section of an indentation used in this analysis. At peak 

load the displacement hmax can be written as:

h rn a x  hc T  hs (2.7)
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Figure 2.2: A  schematic representation o f a cross section through an indentation 
showing various quantities used in this analysis [26].

where, hc is the vertical distance along which contact is made and hs is the displace

ment of the surface at the perimeter of contact. The value of hmax can be measured 

experimentally and hs can be obtained from the following equation [26]:

h, =  (2.8)

where, S is the stiffness and Pmax is the peak load. The value of e depends upon the 

geometry of the indenter. Thus, the value of hc can be calculated from the equation 

(2.7). Following the assumption of Pethica et al. it is assumed th a t the projected 

area of the residual impression is a function of the contact depth hc [26],

A = F (hc) (2.9)

Though over last few years most of the attention has been focused on the shape

of the unloading curves, the mechanical properties of certain materials can not be
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predicted with the help of the existing models. For many stiff hard materials and 

many inhomogeneous systems the unloading curve fits no existing models particu

larly well [29]. An alternative approach is to attem pt to understand the shape of 

nano-indentation loading curve [29], Hainsworth et al. formulated their model for

where, 6 is the indentation depth and 0 and V) are empirical constants. Now if either 

E or H is known, then the other can be calculated from equation (2.10) [29].

2 .4 .3  F actors affectin g  n a n o -in d en ta tio n  te s t  d a ta

The procedures tha t have been described in the previous section are associated with 

various errors to measure different material properties in practice. The most serious 

of these arises while measuring the depth. In addition to this, there are a number of 

materials related issues tha t also affect the validity of the results. The most serious 

of these are the indentation size effect (ISE) and the phenomenon of piling-up and 

sinking-in [24]. In the following section some of the most commonly encountering 

sources of error will be reviewed.

Initial penetration  depth

In a nano-indentation test, the depth of penetration has to be measured from the 

free surface of the specimen. In practice, when the indenter first makes contact with 

the specimen surface with a very small initial contact load, the depth of penetration 

is set to be zero. That will establish the depth reference point from which the 

subsequent measurements will be obtained. This initial contact depth is usually 

made to be as small as possible by applying the smallest obtainable force of the 

instrument. However, no m atter how small the initial contact force is made there is

conical and pyramidal indenters and they related the load with depth of penetration 

by the following equation [29]:

(2 .10)
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elastic i  plastic

Figure 2.3: Schematic o f the initial penetration depth on load vs. displacement data. 
Pi and hi axe the initial load and displacement respectively [24].

a corresponding penetration of the indenter beneath the undisturbed specimen free 

surface, as shown in Figure 2.3. To account for this small initial penetration depth, 

all subsequent displacement measurements taken from the datum  will be increased 

by this amount. This is done by fitting the load-displacement curve to a smooth 

polynomial and extrapolating to zero force. The resulting depth offset is then the 

initial penetration depth and is added to  all the depth reading as a correction [24].

Indentation size effect (ISE)

The indentation size effect (ISE) describes the increase in hardness by several factors 

by decreasing the contact diameter or indentation depth. Based on similar hardness 

increase at shallow depth in various materials, Stelmashenko et al. [30] and De 

Guzman et al. [31] explained this behavior of materials in terms of a dislocation 

density mechanism, Figure 2.4. The mechanism is based on the fact that, at shal

low indentation depth the geometrically necessary dislocations (those which form 

in response to the imposed shape change at the surface) would form over a small
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volume, and result in a high dislocation density beneath the indenter. The high 

density of dislocations hinders the movement of dislocations and thus increases the 

hardness of the material. But at large penetration depth, the deformed volume over 

which they are distributed becomes larger, which results in a decrease in the density 

of geometrically necessary dislocations. Thus, due to low dislocation density, geo

metrically necessary dislocations have little effect on hardness at larger penetration 

depth [31],[30]. They showed the expression for the hardness H  in terms of the hard

ness H0 (which would be obtained without the presence of geometrically necessary 

dislocations or the hardness in the absence of strain gradient):

where, h* is a length scale constant [31]. Fleck et al. [32], [33] pointed out that 

indentation size effect for metals can be understood by the large strain gradient at 

a small scale, which is usually omitted in conventional theories of plasticity. This 

strain gradient leads to geometrically necessary dislocations tha t cause enhanced 

hardness. Following this idea, Nix and Gao [34] developed a model for strain gra

dient plasticity. Later, based on some experimental observations, Gerberich et al. 

[35] showed indentation size effect for several materials to be independent of in

creasing or decreasing strain gradients. They described the theory of strain gradient 

to be insufficient to explain ISE at depths less than several hundred nanometers. 

As an alternative model they linked ISE to a ratio between the energy of newly 

created surface and plastic strain energy dissipation. For indentation depth up to 

several hundred nanometers, assessment of surface work and volume work can be 

fundamentally im portant feature to describe ISE [35].

Piling-up and sinking-in

In an indentation into an elastic material, the surface of the specimen is typically 

drawn inwards and downwards underneath the indenter and sinking-in occurs. The

(2 .11)
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Geometrically Necessary Dislocations

Figure 2.4: Geometrically necessary dislocations created by a rigid conical indenter. 
Here, h is the depth o f indentation, a is the contact radius and s is the spacing 
between individual slip steps on the indentation surface [34].

plastic zone in this case is typically contained within the boundary of the circle of 

contact and the elastic deformations th a t accommodate the volume of the indenta

tion are spread at a greater distance form the indenter. If the surface of the specimen 

is forced to move outward beside the indenter then piling-up occurs. In chis case, 

the plastic zone meets the surface well outside the radius of the circle of contact 

[24]. The effect of piling-up and sinking-in on the contact area is shown in Figure 

2.5. The existence of piling-up and sinking-in can have a detrimental effect on the 

determination of the area. A correction factor can be applied to determine the con

tact area correctly. Beside the above mentioned factors, indenter geometry, surface 

roughness, residual stress, thermal drift etc. also play a crucial role which affects 

nano-indentation test data. Moreover, several researchers have made experimental 

observations to determine the effects of tip radius [36], work hardening [37], and 

surface steps [38] on nano-indentation property measurement of different materials.
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(a)

Sinking-in Piling-up

Actual contact area(b)

Indenter cross-sectional area

Figure 2.5: Effect o f sinking-in and pile-up on the actual contact area, (a)Cross- 
sectional view (b)plan view [24].

2.5 H ardening theories at th e  nanom eter scale

Experimental results show tha t a nanolayered structure made of two kinds of metals 

strengthens dramatically as the layer thickness is reduced. Several theoretical models 

have been postulated based on a single dislocation gliding along one layer and many 

dislocations piling up at the boundary between the layer interfaces.

2 .5 .1  O row an M odel:

Orowan model [39] states tha t while moving along the softer phase the movement of 

a dislocation is blocked at the interface of the harder phase and the first deviation 

from linear elastic behavior occurs when a dislocation can be curved into a semicircle 

within a layer of the softer phase [9], Figure 2.6. The strength o* of the multilayers 

scales with where, h is the layer thickness. As the stress rises above this point,
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Figure 2.6: Single-dislocation based Orowan model that contributes strengthening 
in nanoscale multilayers [40].

an increasing fraction of the load is transferred to the harder phase. The harder 

phase remains elastic until it either fractures or yields [9].

2 .5 .2  H a ll-P etch  M odel:

It is well known tha t the Hall-Petch equation describes the relationship between 

yield strength and grain size [41]. According to this model, the yield strength scales 

with the inverse square root of the relevant microstructural length scale (grain size or 

interlamellar spacing or bilayer period). Since hardness scales linearly with strength

(typically, hardness is a factor of 3 higher than the flow stress) the Hall-Petch model

is also applicable in interpreting hardness increases with decreasing microstructural 

length scales [40].

a = <j0 + kad~l/2 (2.12)

or

H  = H0 + khd~1/2 (2.13)
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Figure 2.7: Schematic illustration o f a pile-up formed in grain 1 under an applied 
shear stress t . S2 is the source in grain 2. The trace o f preferred slip plane is shown 
by dashed lines [42].

where, d is the length scale. The view of this model is tha t yield occurs when the 

leading dislocation in a pile-up overcomes the barrier stress at an interface [9] or 

the pile up at a grain boundary in one grain can generate sufficiently large stresses 

to operate sources in an adjacent grain at the yield stress, as shown in Figure 2.7 

[42]. However, several studies on nanocrystalline materials have confirmed tha t at a 

length scale of a few tens of nanometers to 100 nm, the Hall-Petch effect is often seen 

to cease or even to reverse, which is known as the ‘Reverse Hall-Petch effect’. Figure 

2.8 shows the Hall-Petch plot, tha t is Hardness vs. h~0,5 for several physically vapor- 

deposited Cu-based multilayered systems. This figure shows linear fit at larger h, 

which is consistent with the Hall-Petch model, but at lower h, the Hall-Petch model 

breaks down [40]. Several mechanisms have been proposed for this reverse Hall-Petch 

effect: increased porosity at small grain sizes [43], suppression of dislocation pile-ups 

[41], dislocation motion through multiple grains [44], sliding in the grain boundaries 

[45], and enhanced diffusional creep in the grain boundaries [46]. Schiotz et al. [47], 

based on their observation, described the occurrence of plastic deformation due to a
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large number of ‘sliding’ events of atomic planes at the grain boundaries, with only 

a minor part being caused by dislocation activity in the grains. Softening that they 

observed was due to the larger fraction of atoms at the grain boundaries [47]. Nieh 

et al. [41] proposed a grain boundary relaxation mechanism tha t could lead to a 

decrease in strength at extremely fine grain sizes [41]. Based on a dislocation pile-up 

model, as the grain size of the material decreases, there arrives a point at which each 

individual grain will no longer be able to support more than one dislocation; at this 

point the Hall-Petch relation will no longer hold. From another point of view, when 

the grain size approaches zero, the material essentially becomes amorphous. The 

grain boundary strengthening effect will then disappear [41], Nieh et al. calculated 

the grain size based on an estimation of repulsive force per unit length between two 

edge dislocations at which the strength reach a maximum value. The equilibrium 

distance between two edge dislocations can be expressed as:

/c =  n Gb ) H  (214)7r(l — u)H

In principal when the grain size, d, is smaller than lc, there will be no dislocation 

pile-ups, and the HP relation will break down [41]. The evaluation of the strength of 

metallic multilayers as a function of layer thickness may be divided into four stages 

[40]:

• Stage /  (Hall-Petch regime). This is observed down to length scales of a few 

tens of nanometers to 100 nm; a* oc /i-1/2.

• Stage II. a* oc h~a, where a ^  0.5. This is typically observed for layer thickness 

range of a few tens to a few nanometers.

•  Stage III. A peak or saturation in strength is observed when the layer thickness 

is a couple of to a few nanometers.

• Stage IV. Strength decreases with decreasing layer thickness, typically for h 

below a couple of nanometers.
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Figure 2.8: Hall-Petch plot for several Cu-based multilayers. Linear fit (—) at 
larger h consistent with the Hall-Petch model. A l lower h, the Hall-Petch model 
(.....) breaks down [40].

Neither of these models is a complete theory of yield for multilayer systems. The 

Orowan model neglects the effect of coherency and thermal expansion mismatch 

stresses and it focuses on the yield of just one phase. The Hall-Petch model pays 

no attention to the operation of dislocation sources [9]. Moreover, the mechanism 

behind the Hall-Petch model is not directly applicable to the multilayers [19], rather 

it is more applicable to the grain size effect in polycrystalline materials. In order 

to improve either model, or to develop a combined model, a key requirement is to 

clearly understand the barrier strength o* of the multilayer system. In order to do 

this, a detailed idea about dislocation-interface interaction is necessary.

2 .5 .3  D is lo c a tio n -in ter fa ce  In tera ctio n

In the classical approximation the blocking strength of an interface is attributed to 

modulus mismatch, lattice param eter mismatch, chemical or gamma surface mis

match, and slip-plane mismatch between two adjacent layers. The interaction of
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dislocations with the interface due to these mismatches will be presented in the 

following sections.

M odulus interaction: Im age Effect

Due to the difference in shear modulus between two adjacent layers, the strain energy 

per unit length of a dislocation is generally lower in one lamella than in its neighbor, 

which induces a force between a dislocation and its image in the interface. Koehler 

calculated the additional stress (also known as Koehler barrier) which is required 

to move a screw dislocation from a soft lamella into a hard lamella against its own 

elastic image in the interface. The result is [48]:

Cn(G2 -  Gx)b
T  = (2.15)

47r(G2 +  G \)h

where, h is the distance of the dislocation from the interface, b is the Burgers vector, 

and G\ and G2 are the shear modulus of adjacent layers. Since the value of r* 

approaches infinity as h approaches zero, Equation (2.15) is only valid for h > 26,

i.e. it does not consider the dislocation core effects. Atomistic simulation by Rao et 

al. [9] shows tha t Koehler stress is an effective barrier to dislocation motion in Cu-Ni 

bilayer system, but for Cu-Ni multilayered system Koehler stress usually decreases 

with wavelength of the multilayer due to the interaction of gliding dislocations with 

more than one lamellar interface. Based on Peierls dislocation model, Pacheco and 

Mura [49] derived the shear stress acting on the dislocation located at a distance x 

from a perfectly abrupt interface, which is valid for all x including the dislocation 

core:

2a(GB - G A)sm d  b2 b 2x
T = -------------------------------  To T x-  tan  — ) (2.16)7r 4x2 +  62 2x b

where, b is the magnitude of the Burger’s vector and a  is A- for screw dislocation and 

for edge dislocation. To compare this result with hardness data, it is necessary 

to first convert the shear stress to a yield stress using Schmidt’s law, a =  r /m ,
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where m is the Taylor factor, and hardness can be estimated from the yield stress 

using H  = 3cr [4]. Using this formula Chu and Barnett [19] showed tha t the yield 

strength or hardness increases with increasing superlattice period before reaching a 

saturation value for different interface width.

D islocation  glide w ith in  individual layers

When the layer thickness is very large, dislocations will move large distances with

out encountering an interface and will not experience significant image effects. Thus, 

there must have an optimal layer thickness to inhibit dislocation motion tha t results 

in maximum hardness. Sevillano [50] modelled the critical stress necessary to propa

gate dislocations within individual layers of a multilayer. According to his model, the 

critical shear stress required to move a pre-existing dislocation loop that is confined 

within a thin layer is given by [4]:

2aGAbsm d , t A
t L a  = t O A  + ------ ----------]n(— — ) (2.17)t A b sm 9

where, ToA is the critical shear stress required to move the dislocation loop in an 

infinitely thick layer of material A. He also noted tha t if there are not sufficient 

dislocations present, a larger shear stress is needed to first generate the dislocations 

within the layer. This shear stress is given by [4]:

, 4aG Ab sin 9  ̂ tA
t u  a  =  t o a  + ------ ----------!n( . - --) (2.18)tA 2b sm 9

Chu and Barnett [19] combined the theory by Sevillano for dislocation motion within

an individual layer with the model for image effect to obtain an overall picture of

the hardness behavior of a multilayer system. According to their model the overall

strength of a multilayer system, atot, can be expressed as:

2ab cos 0 r n , l2 \ Hi / ^1 M /
&tot = o-o-\-------- t— [G2 ln (- - )  + Gi ln (- - )  (2-19)

m A b cos 9 b cos 9

where, G i° and G2° are the shear modulus of pure materials 1 and 2, A is the bilayer

period, m  is the Taylor factor, b is the burgers vector. The model predictions have
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Figure 2.9: Experimental tensile yield stress vs. superlattice period for C u/N i su
perlattices compared with model predictions for dislocation glide across and within 
layers [19].

been compared with the experimental observations for different metallic, nitride and 

m etal/nitride multilayers and have shown good agreement [19],[4],[5],[2],[20],[51]. 

Figure 2.9 and Figure 2.10 show the comparison between the experimental results 

and the model predictions for yield stress and hardness variation with superlattice 

period for Cu/Ni and TiN/NbN superlattices.

Size Interaction

In multilayers, the lattice parameter mismatch between the adjacent layers is usually 

taken up by misfit dislocations and coherency strain. When the lattice mismatch 

is comparatively small (below the coherency wavelength limit (Ac)), then the adja

cent layers form a strained structure and the total misfit is accommodated by the 

coherency strain. But larger mismatch of lattice parameters (above the coherency 

wavelength limit (Ac)) relaxes the strained structure gradually, and a part of the 

misfit is taken up by an array of misfit dislocations at the interface and rest of the
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[19].

misfit is taken up by the coherency strain. This results in an increased density of 

misfit dislocation with increasing lattice mismatch between adjacent lamellae. These 

misfit dislocations act as obstacles to glide dislocation movement, at or near to the 

interface. In general this barrier is expected to  increase if the spacing between the 

misfit dislocations decreases. The blocking strength of misfit dislocations to glide 

dislocation movement can be estimated as [9]-

fo r  A > Ac,
(2 .20)

0 fo r  A < Ac

where, ^  is the misfit of the lattice parameter, ce =  0.5, b is the Burgers vector and A 

is the wavelength. Rao et al. [9] showed tha t the misfit dislocations are an effective 

barrier to the glide dislocations for long wave lengths in the Cu-Ni multilayer system, 

but the effect decreases gradually with multilayer wavelength.
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C hem ical Interaction

‘Chemical’ or ‘gamma surface’ mismatch between the lamellae changes the disloca

tion core energy as it approaches the interface. Both the self-energy of the dislocation 

and the interaction energy between the Shockley partials continuously vary as the 

dislocation moves from one lamella to next due to modulus mismatch between the 

lamellae. However, the stacking fault energy changes abruptly as the leading partial 

moves into the next lamella, leading to a Koehler stress as discussed before. The 

chemical component of the blocking strength thus depends upon interface properties, 

in this case the stacking fault energy of the interface [9].

Slip plane m ism atch

For a twinned interface where slip planes are not continuous, screw dislocations have 

to cross slip for transmission of slip across the interface. As a result, the blocking 

strength of such interfaces is expected to be substantially larger [9].

2.6 C om putational approach

As the field of computational material science expands, computer modeling and sim

ulation are becoming an established tool and an integral part of materials research 

and design. In recent years, the advent of ever more powerful and massively parallel 

computers has enabled the development of new concepts and algorithms for the com

putational modeling of materials [52]. The motivations for computer simulations of 

physical systems are many fold. One of the main motivations is tha t the computer 

simulation approach allows one to apply theory to study complex systems and gain 

insight into their behavior. Indeed, the complexity can go far beyond the reach of 

present analytical methods. There is yet another feature - computer simulations can 

fill the gap between theory and experiment. Some quantities or behaviors may be 

impossible or difficult to measure by experiment. W ith computer simulation such
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quantities can be computed. The laboratory experiment tells us what happens, 

whereas, theory combined with computation, allows us to find out why it happens 

and hopefully also to predict what will happen under similar circumstances. More

over, by comparing the results with experiment, the validity of the model can also 

be ensured [53]. Other important aspects of computer simulation are the stability, 

accuracy and efficiency of the solution, which are of utmost importance for solving 

numerical algorithms. The explanatory, reliable and predictive capability of com

puter simulations can explain the ever-increasing impact of computation on modern 

materials science [54],

2 .6 .1  A to m istic  m od elin g  sch em e

Atomistic simulations are playing an increasingly prominent role in materials sci

ence. At the atomic scale, defects such as dislocations, their core structures and 

mechanisms of their nucleation and motion play an important role in affecting the 

macroscopic material behavior. Conventional theoretical modelling and computer 

simulations such as those based on continuum approaches can not reveal the effects 

of such defects. Thus, those models must be supplemented with atomistic models 

to characterize materials behavior [13]. Predictions resulting from this atomic-level 

understanding are proving increasingly accurate and useful. Consequently, the field 

of atomistic simulation is gaining ground as an indispensable partner in materials 

research [12].

Interatom ic P otentials

W ith the advancement of atomistic simulations, theoretical descriptions of inter

atomic potential functions are also necessary to describe atomic interactions. In

teratomic potential functions play the most im portant role in every atomistic sim

ulation. The accuracy and complexity of the potential determine the quality of the 

simulation results and the amount of computer time required [12],
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Density functional theory (DFT) is one of the earliest methods wherein simulations 

were aimed towards the solution of the complex quantum many-body Schroedinger 

equation of the atomic system using numerical algorithms. Though the DFT method 

provides a highly accurate description of the quantum mechanical behavior of mate

rials, the system sizes are still limited to only about a few hundred atoms. Moreover, 

the simulation time required is often many days of CPU time. Thus, it is essentially 

impossible to compute the mechanical response of a system of realistic dimension 

with this approach [55]. To get rid of this problem, physicists have developed more 

approximate descriptions of the interaction between particles. These semi-empirical 

models start by assuming a simplified form for the atomic interactions [56]. Substi

tution of a simpler (faster) potential allows one to obtain quick qualitative results; to 

scan many cases to obtain trends; to investigate longer time scales; and to model a 

larger system [12]. The simplest of such semi-empirical models is the pair potential, 

where the energy, Etot of an arbitrary arrangement of N  atoms is written as

Here E0 is a constant, volumetric energy, is an energy potential tha t depends 

on the atomic species of both atoms i and j  and riy is the distance between the i lh 

and j th atoms. The pair potential is limited in its applicability, both with respect to 

the materials tha t it can represent as well as the range of deformations the material 

may undergo [56]. Daw et al. derived a new method, the Embedded-Atom Method 

(EAM), based on density functional theory to calculate ground-state properties of 

realistic metal systems [57] . In EAM, the energy is expressed as a sum of individual 

atom energies and the total potential energy, E tot, of a configuration of atoms is 

written as [57]

N  N

(2 .21)
i j^i

(2 .22 )
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In this expression, is a pair potential evaluated for the interatomic distances r^ , 

pi is the host electron density at atomic position i due to neighboring atoms, and Fj 

is the embedding energy which is physically interpreted as the energy associated with 

placing an isolated atom in a uniform electron gas of density pi [56]. The function 

pi is found by linearly superposing the electron density from all neighboring atoms 

via the expression

where pj is the spherically averaged electron density field of an isolated atom. In 

this and the previous equation, the sums on j  are over all atoms within some cutoff 

radius, r ^ t  of atom i. This cutoff generally includes the first 2 or 3 neighbor distances 

in the crystal, beyond which it is assumed tha t atoms do not interact [56]. The 

ground-state properties, e.g. lattice constant, elastic constants, sublimation energy 

and vacancy-formation energy of the solid can be calculated from Equation (2.22)

M olecular D ynam ics (M D ) m ethod

Molecular dynamics is a popular simulation method tha t permits a computation 

scale less than or equal to giga-atoms and a simulation period shorter than nano 

seconds [58]. In MD simulations, a physical system of N atoms is represented by 

a set of atomic coordinates, {xi\i = 1 ,2 ,..., TV} and an algorithm is used to find a 

numerical solution of a set of coupled first-order ordinary differential equation, given 

by the Hamiltonian formulation of Newton’s second law [13]

m il e x ' = a f ( 2'24)

where, is the mass of the i th atom and V is the interatomic potential. The 

equation of motion is numerically integrated forward, with a finite time step [55]. 

During the simulations, the response of a material subjected to an external force is

(2.23)

[57].
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evaluated by following the dynamics of every atom in the simulation sample. The MD 

simulation comprises two phases: initial relaxation and loading. In the first phase, 

atoms are positioned according to an assumed lattice sites and their velocities are 

randomized to satisfy the Maxwell-Boltzman distribution at prescribed temperature. 

In order to reach the equilibrium state, the atoms are relaxed according to Equation

(2.24) in the absence of any external force. In the second phase, an appropriate 

loading is applied by tiny increments. Thousands of relaxation steps will be engaged 

after each loading increment [58].

2 .6 .2  M u ltisca le  m o d e lin g  schem e

It has clearly been understood tha t the materials properties are profoundly affected 

by the interesting phenomena occurring at different length scales. At the atomic 

(angstrom) scale, understanding of atomic interactions is necessary to character

ize materials behavior. At nanometer scale, defects such as dislocations, their core 

structures and mechanisms of their nucleation and motion control the mechanical 

behavior, while at scales of the micrometer or more, large collections of such de

fects including grain boundaries, dislocation pile-ups at grain boundaries and other 

microstructural features, govern materials properties. However at an engineering 

scale, forces arising from macroscopic stresses and/or temperature gradients may be 

the controlling elements of materials performance [52]. Fully atomistic simulations 

are essential for resolving the atomic scale phenomena, but they cannot be used 

to model entire systems on the micrometer scale, since computations are limited 

by reasonable memory requirements and simulation times. At the present state of 

the art, the length scale amenable to atomistic modeling is well below the typical 

grain size, which is required to model realistic microstructures [16]. In recognition 

of this limitation, the field of multi-scale materials modeling has emerged, whereby 

atomistic modeling is used in conjunction with larger scale models to predict the
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performance and behavior of complex materials across all relevant length and time 

scales [52]. Multiscale modeling methods fall under one of the two possible cate

gories. One approach is a hierarchical scheme, wherein modeling is done separately 

at different length scales and the behavior of the system at the smaller scales is 

used as a source of parameters for the larger scales [16]. Such sequential model

ing approaches are usually effective when material behavior at different scales has 

its own distinct characteristics [52]. The second approach is the hybrid scheme, in 

which some regions of a problem are treated by a fully atomistic approach whereas 

the other regions are solved by continuum approach, thus considering the material 

behavior at different scales concurrently in a combined model [52]. In this section a 

brief review of several methods will be presented. Detail discussion on the CADD 

model, which is the focus of this thesis, will be presented in Chapter 3.

D iscrete D islocation  m odeling

The Discrete Dislocation (DD) method presents a framework for solving boundary 

value problems wherein dislocations are treated as continuum entities moving in 

fields determined by elasticity [59], [60], [61], [62], [16]. In the DD approach, a con

tinuum problem is divided into two complementary problems, shown in Figure 2.11. 

Problem I consists of dislocations in an infinite elastic continuum and is solved by 

superposition of the elastic fields due to the discrete dislocations. Problem II con

sists of a linear elastic continuum writh no dislocations tha t enforces the boundary 

condition across the internal boundaries. All discontinuities and singularities of the 

dislocations are contained in the elastic fields due to the discrete dislocations, so the 

fields of problem II, denoted as image fields, are smooth and can be solved by stan

dard numerical techniques, e.g. finite element method [14]. More detailed discussion 

on the discrete dislocation method will be presented in Chapter 3. Thus, the long 

range interactions between the defects are modeled accurately. The displacement 

(u) and stress field (a) can be written by superposition of the two fields mentioned
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Figure 2.11: Schematic illustration o f the solution procedure o f the discrete disloca
tion m ethod [16].

before:

Ui = Ui +  hi (2.25)

c?ij — ctij hjj (2.26)

The Q fields are the sum of the fields of the individual dislocations, in their current 

configuration and the Q fields represent the image fields tha t correct for the ac

tual boundary conditions on the boundary. Short range dislocation interactions are 

governed by a set of constitutive rules, for instance, the conditions required for dislo

cation nucleation, the minimum dislocation separation for annihilation, the strength 

of dislocation junctions, the dislocation mobility, and dislocation/obstacle interac

tion [59], [16]. Suitable values for the parameters in these rules can be obtained 

through atomistic simulations.

Q uasicontinuum  (QC) m ethod

Instead of identifying atomistic and continuum region, the QC method [63],[64] 

defines two types of atoms: ‘non-local representative atom s’ and ‘local representative
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atom s’. In practice, these two atoms are essentially equivalent to the real atoms of 

the fully atomistic regions and the FE nodes of the continuum elements respectively 

[65]. The transition region between non-local and local representative atoms in 

the QC model is depicted in Figure 2.12. The pad atom positions are dictated by

Figure 2.12: The atomistic/continuum region for the QC m ethod [65].

interpolation from the FE nodal positions. The pad atom energies are not included in 

the total energy calculation, but the energies of the real and interface atoms include 

their interactions with the pad atoms. The interface atoms act as real atoms during 

the atomistic energy calculation but are also FE nodes of the continuum. Thus, 

the energies of the continuum elements adjacent to the interface (i.e. elements tha t 

have nodes corresponding to the interface atoms as shown in grey in the figure) are 

weighted differently in the total potential energy sum to avoid overestimation of 

energies of the interface atoms. The to tal potential energy of the QC model is then 

obtained by summing the energies of all atoms in the atomistic region and at the 

interface and all elements in the continuum domain as [65]-
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(2.27)
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where, the first term represents the total energy of the atomistic region by summing 

the energies of the real atoms and the interface atoms [i £ (A,  I)}, VA,ri,rp are 

the position vectors of real, interface and pad atoms respectively, the second term  

gives the total energy of the continuum region by summing the energies of individual 

elements Efl in the continuum region. is the weight function and it implies that 

elements tha t touch the interface contribute a fraction toM of their energy, while all 

other elements contribute their entire energy to the sum. The depends on the 

shape of the element, but always satisfy 0 < < 1 [65].

F inite E lem ent and A tom istic (FE A t) m ethod

The FEAt model [6 6 ], is the only model tha t attem pts to solve the problem of 

a local/non-local mismatch by introducing a non-local continuum region near the 

atomistic/continuum interface. The transition region for the FEAt model is shown 

in Figure 2.13, where the grey elements are elements in the pad region. In the FEAt 

model, the pad atoms directly overlap the continuum nodes and it extends to twice 

the cut-off radius of the EAM interatomic potentials. In this way, the FE region 

is resolved down to the atomic-scale in the pad region, and atoms in the atomistic 

region have their full compliment of their neighbors. The FEAt model does not make 

use of a unified energy function for the entire coupled problem [65]. The energy in 

the elements in the FEAt model is defined in two different ways. Outside of the 

pad region, non-linear elasticity is used. In an effort to mitigate the effects of the 

sharp transition from a non-local atomistic region to a local continuum, the FEAt 

model also uses a non-local continuum formulation to describe the energetics of the 

elements in the pad region. The energy of the continuum region in the FEAt is then 

found by summing the energy the local and non-local FEs [65]-

EFEAt = E Ejnonloc)(r^  rp ) +  (2.28)
iieP neP
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The energy of the atomistic region is found by the usual sum over atoms, including 

the pad atoms, as [65]-

E F E A t  =  E E i(rA,r j ,r p )  (2.29)
i € A, I , P

where the positions of the pad atoms provide the neighbor environment for all the 

atoms in the sum.
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Figure 2.13: The atomistic/continuum region for the F E A t method [65].

Concurrent L ength  Scale (CLS) m ethod

In the CLS method [67], the model is designed in such a way tha t all of the pad 

atoms are always in direct correspondence with nodes of finite elements in the con

tinuum region, as in the FEAt model. Also, as in the QC method, elements that 

are in contact with the interface contribute less than their full energy to the total 

potential energy of the system, as thus these are shaded in gray in the Figure 2.14. 

In the continuum region all the finite elements are modeled as linear elastic. The 

atomistic energy of the CLS method is described by the potentials with two- and 

three-body interactions. Rather than considering atom-by-atom basis interactions, 

the CLS method was formulated in terms of the energy of each bond in the system.
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Specifically, each two- or three-body bond contributes its full energy to the system 

if all of the participating atoms in the bond are in the atomistic region or on the 

interface. If the bond includes one or more atoms from the pad, the contribution is 

scaled by a factor of 1/2 [65]. Examples of bonds that contribute fully (dark lines) 

and partially (dash lines) are shown in Figure 2.14 [65].
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Figure 2.14: The atomistic/continuum region for the CLS m ethod [65].
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Chapter 3 

Coupled A tom istic and D iscrete  
D islocation  (C A D D ) M ethod

We have discussed in the previous section tha t it is advantageous to implement mul- 

tiscale modelling schemes in solving problems occurring at several length and/or 

time scales, but most of the existing methods have some limitations associated with 

them. For example, the FEAt method [6 6 ] and the CLS approach [67] are unable to 

support continuum dislocations in the finite element region. Moreover, the size of the 

atomistic region can not be easily adapted during the simulation. The quasicontin

uum (QC) method of Tadmor et al. also do not allow for the continuum description 

of a dislocation, and therefore, every dislocation in the QC model requires a fully 

atomistic description around its core and slip plane [16]. Hence, computational cost 

becomes enormous while handling large number of dislocations. The Coupled atom

istic and discrete dislocation (CADD) model is a new hybrid scheme that extends the 

capabilities of the existing models by incorporating some unique features. Like most 

other existing hybrid models (i.e., FEAt [6 6 ] , CLS [67], QC method [64]), the CADD 

method also begins by separating the physical problem into spatial regions tha t are 

modelled either by a fully atomistic description or by continuum finite elements. But 

the most unique characteristic of the CADD method is its ability to accommodate 

discrete dislocations in the continuum region as well as in the atomistic region. Like 

other methods the CADD model successfully reduces the computational memory
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and time from what would be required to perform the same simulations using a fully 

atomistic model. Moreover, the CADD framework can detect dislocations near the 

atomic/continuum interface and pass them across the interface efficiently [14],[16]. 

The CADD method consists of four essential components: the atomistic model, the 

continuum model, the coupling between these two regions and the method for detect

ing and passing dislocations between these two regions. The first two components, 

the atomistics and continuum framework, are simply taken from the well-developed 

methods found in the literature. The atomistic framework is adopted from the em

bedded atom method (EAM) (see section 2.6.1) and the continuum problem can be 

solved using the DD framework developed by van der Giessen and Needleman [59] as 

discussed in section 2.6.2. The details of the coupling between these two regions and 

the detection and passing of dislocation across the interface are the new additions 

in this model [16].

A body D, shown schematically in the top left of Figure 3.1, is imagined to be di

vided into an atomistic region and a continuum region Qc joined at an interface 

dQj defined by a row of atoms. The body is subjected to traction T  = T 0 on c)QT 

and displacement u  = ito on cKlu. Since the tractions on the atomistic region are 

inherently discrete, the applied load is treated as lumped forces f A on individual 

atoms. The body contains N  continuum dislocations, each of which has the Burgers 

vector b% and position dl. where i is the number of a dislocation. The reference con

figuration is termed as X  which is the undeformed, defect free state of the body and 

a displacement u  brings it to the deformed configuration x  = X + u .  This boundary 

value problem is solved for the equilibrium stress cr, strain e, displacement u  and 

discrete dislocation positions dt in the continuum, and simultaneously for the equi

librium positions of the atoms, as a function of the imposed boundary conditions 

[16]. The detail description of the solution procedures have already been published 

in several journals [14],[68],[15],[16]. A brief idea about the atomistic and continuum
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solution procedure and dislocation detection and passing will be presented in the 

following sections.

3.1 C ontinuum  Solution  Procedure

The continuum elastic problem is solved using an approach very similar to that of 

the standard DD methodology described in [59]. The continuum elastic problem is 

divided into two complementary problems I and II, as shown in Figure 3.1. Problem 

I corresponds to an infinite homogeneous elastic material which contains N  discrete

dislocations. The solution for the to tal stress ef, strain e and displacements u  in

Problem I is obtained by superposition of the known elastic fields due to all the 

dislocations at positions <t in an infinite elastic continuum, given by [16]

N  N  N

*  = l  = 'Y j ki> t3-1)
i i i

where, er®, el and i t  are the linear elastic solutions for the fields of the ith dislocation 

in the infinite material. This superposition leads to tractions T  along the <90-/ 

and some displacement u  = ii along <90.u and <90/ which do not satisfy the overall 

boundary conditions T0, it/ and ito. Thus, Problem II is designed as a “corrective” 

boundary value problem whose fields, combined with those of Problem I, satisfy the 

true boundary condition. Problem II then becomes a boundary value problem for a 

linear elastic body, containing no dislocations in it. Because all the discontinuities 

and singularities are associated with th e ”fields of Problem I, the fields of Problem II 

are smooth and, therefore, can be solved accurately using the finite element method. 

Corrective traction T  = T 0 — T  (on d i \ )  and corrective displacement u  = v® — it 

(on S0 M) and it =  it/ — it (on 5 0 /)  are applied as boundary conditions in this case. 

The displacements, stresses, and strains of Problem II are denoted by 9 The total 

fields in the continuum region are then [16]

u = u + u ) o' — d' + d’, e =  e +  e (3.2)
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Figure 3.1: Schematic illustration o f the solution procedure for the CADD method  
[16].
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which satisfy the overall boundary conditions imposed on the continuum region. For 

Problem II, the fully anisotropic, linear elastic constitutive relation is used, so that 

the continuum elastic constants are matched those of the crystalline atomistic region. 

However, for the ~ field of Problem I describing the discrete dislocations, isotropic 

elasticity with the Voigt-averaged elastic constants are used. Thus the constitutive 

relations in the continuum region are [16]

dij = 2 fie'ij + XekkSij (3.3)

d\j Cijkdij (3.4)

where, /j, and A are the Voigt-average elastic constants found from the fully anisotropic 

modulus tensor Cijki. Thus, a fully anisotropic solution is obtained when there is 

no dislocation present in the model. But when discrete dislocations exist, small er

rors are introduced due to the isotropic solution of the “field. Thus, the free energy 

functional E c  for the continuum region can be written as [16]

E c  =  i  f  (<r +  cf) : (e +  e)dV  — f  T o (u + u )d A  (3.5)

Partial derivative of Equation 3.5 with respect to the position of the dislocation d  

yields the Peach-Koehler force pl on the ith dislocation,

d E c
Pl = - ( ^ )  (3-6)
y  K d d  1 v ’

The P-K force can be obtained directly from the stress field calculated in Problems 

I and II. But the finite element solution to the stress field <r, obtained at the Gauss 

points of the element, is not smooth across element interfaces. Alternatively, it 

is also computationally feasible to calculate the P-K force numerically during the 

solution procedure [16].
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3.2 A tom istic  Solution  Procedure

The atomistic region is inherently non-local, since the interaction energies of realistic 

interatomic potentials extend beyond-near-neighbor atoms. This region may con

tain any number of atomic defects such as dislocations, grain boundaries,vacancies, 

voids, or amorphous regions. The degrees of freedom in this region are the posi

tions of the real atoms (rA) and the interface atoms ( 7 7 ). The only assumption 

about these atomistic regions is that near the atomistic/continuum interface their 

behavior approaches the linear elastic response used to describe the continuum. The 

only nonlinear behavior allowed to “pass” across the atomistic/continuum interface 

is the core of a dislocation [16]. Abruptly terminating atomistic regions, or abruptly 

beginning a finite element description of the material, introduces a spurious surface 

energy and non-physical interface reconstructions, as the atoms along the interface 

may not have proper atomic coordination for the interatomic interactions. To over

come this problem and to ensure proper coordination of the atoms at and near the 

interface, a number of pad atoms has been introduced tha t overlaps with the con

tinuum region. The pad region is shown in Figure 3.2. The pad thickness must be 

such tha t real atoms can see a full complement of their neighbor atoms during the 

solution process and the minimum thickness of the pad must exceed the range of 

interatomic interactions rcut in the material. As the pad atoms reside on the contin

uum region, their positions are determined by interpolating the nodal displacements 

obtained from the continuum solution. From the viewpoint of the real atoms and 

interface atoms, the pad atom positions are instantaneously fixed. Denoting as Ei 

the energy of the i th atom as determined from the EAM function, the total atomistic 

free energy functional is given by [16]

E a = ^  E t(rA, T7 , rP) -  f A.uA (3.7)
i e{A, I ,P)
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where, ua are the atom displacements. The sum over atoms includes real atoms 

(A), interface atoms (/) and pad atoms (P). Partial derivatives of E a with respect 

to the positions of real atoms (r^) and interface atoms (7 7 ) then yield full atomistic 

force on the atoms [16],

8 E a
-  W  ( 3 - 8 )

The total free energy for the atomistic domain includes interactions with the pad 

atoms, but partial derivatives of E a with respect to the pad atoms would generally 

induce non-physical surface effects. Thus, these derivatives are simply omitted be

cause they are not needed [16]. Other than ensuring proper coordination of the real 

atoms in the vicinity of the interface, the pad atoms also inform the atomistic region 

about the deformation in the continuum region. Similarly, the interface atoms inform 

the continuum about the deformation in the atomistic region. Due to the non-local 

nature of the atoms, a finite thickness pad is required to transm it the continuum 

deformation to the atoms. In contrast, because the finite element continuum is local, 

only a set of interfacial atoms are required to transm it the atomistic deformation to 

the continuum region.

3.3 Equilibrium  configuration

After each increment of external loading it is necessary to bring the entire system 

to the equilibrium. Unlike other coupling scheme (i.e. QC and CLS) CADD does 

not have a well-defined energy functional for the entire system. Thus, to drive the 

entire system toward equilibrium after each load step the standard, computation

ally efficient, conjugate gradient method can not be used. Alternatively, the CADD 

method adopts a modified conjugate gradient minimization scheme, named Pseudo 

Conjugate Gradient approach, to search for the point of zero forces on all degrees of 

freedom rather than minimizing the total energy. The force values are obtained from
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the derivatives of the atomistic and continuum energy functional given in Equation

3.7 and 3.5 respectively. At the beginning of each iteration the direction of descent 

is chosen using the standard conjugate gradient procedure and along this direction, 

a point of zero forces is determined. At such a point, the vector of forces is per

pendicular to the direction of descent and is used to choose the direction for the 

next iteration. The atomic coordinates and dislocation positions are updated during 

each search step of the CG minimization. Using this revised atom and dislocation 

positions, the continuum displacements and the positions of pad atoms are updated 

[16],[14].

3.4 D islocation  D etectio n  and P assing

3.4 .1  D is lo c a tio n  D e te c t io n

The key strength of the CADD approach and the feature tha t makes it unique and 

powerful is its ability to detect dislocations tha t have been nucleated in the atom

istic region and tha t are moving towards the continuum region during the solution 

procedure. This is done by defining a “detection band” inside the atomistic region 

at a short distance from the atomistic/continuum interface, as shown in Figure 3.2. 

The detection band consists of small triangular elements, with each element sitting 

on three different slip planes. If a dislocation passes along one of these planes, it 

generates a Lagrangian finite strain in the element of [6 8 ]

(birrij +  rriibj) rriibkbkmj
=  2d +

where, m  is the slip plane normal, b is the burgers vector, d is the interplanar 

spacing. For a given crystal structure and orientation, all the possible slip systems 

and associated strains E  are computed by a subroutine. The code is equipped for 

FCC, Hexagonal and BCC crystals. The detection algorithm monitors the strains 

in the detection band elements and compares them to all possible dislocation slip

49

Reproduced with permission of the copyright owner. Further reproduction prohibited without permission.



Plane 1

Figure 3.2: (a) Dark grey elements are used in dislocation detection. Filled circles 
are interface atoms and the open circles are the pad atoms that reside on the finite 
elements (b) A  close up o f one detection element, indicating the three slip planes on 
which it lies [16].

strains after each CG energy minimization step. When the strain in an element 

corresponds to a particular dislocation, the dislocation core is assumed to reside 

at the centroid of tha t element and the slip plane and burgers vector can also be 

identified [16],[68]. During the simulation many dislocations may pass through a 

single detection band element. Thus, it is necessary to filter out the contributions 

from all previous slip activities and consider only the displacements resulting from 

new defects [6 8 ]. Moreover, the elastic deformation, rigid body translation and 

rotation associated with the detection band element must also be eliminated [16].

3 .4 .2  D is lo c a tio n  P a ssin g

After being detected, the dislocation is passed to the continuum as a discrete dis

location. This is done by artificially shifting the core of the dislocation along its 

slip plane from its location in the detection band to a location across the interface 

in the continuum region. At the same time, the continuum elastic displacement 

of a dislocation dipole is superimposed onto those of the atoms and nodes. These
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Figure 3.3: (a) The dislocation is detected at position x c (b) dislocation is passed 
across the atomistic/continuum interface at position x c +  6 [16].

displacements cancel the original core in the atomistic region at x c and replaces it 

with a continuum dislocation at the position xc +  6 in the continuum region, shown 

in Figure 3.3. Once this core is in the continuum region, it is added to the array 

of discrete dislocations [16],[68]. While passing the dislocation from the continuum 

region back to the atomistic region, it is artificially pushed into the atomistic re

gion by superposition of its linear elastic displacement fields on the atom positions. 

In this case the passing is done only when the dislocation comes to within a small 

tolerance of the interface. The core of the introduced dislocation is quickly relaxed 

to the correct atomistic core in the subsequent energy minimization steps [16]. The 

total solution procedure of the CADD method is illustrated in Figure 3.4.

The CADD method had previously been applied to examine the phenomena of 

2D nano-indentation into a single crystal Aluminum film bonded to a rigid sub

strate [14]. Both thick and thin hexagonal aluminum films were studied during

3.5 M odification o f th e  C A D D  m odel
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Figure 3.4: CADD flow chart.
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displacement-controlled and force-controlled nano-indentation experiments. The 

present research was started with an aim to modify the existing single grain CADD 

model for multiple grains. One of our main objectives was to use this code to in

vestigate the phenomena associated with nano-indentation into a layered structure. 

Two materials, i.e. Nickel and Aluminum, having distinct material properties were 

selected for this present work. Nickel is characterized by its higher hardness than 

aluminum, which enabled us to study a bilayered structure consists of a soft film 

coated on a hard substrate and vice versa. A multilayer structure having alternat

ing layers of hard and soft materials can also be studied. The significance of such a 

multilayer structure has already been discussed in Chapter 1. Moreover, the effects 

of lattice constant mismatch and elastic constant mismatch between the two adja

cent layers on dislocation nucleation, dislocation movement and dislocation-interface 

interaction can also be revealed.

3 .5 .1  S e lec tio n  o f  th e  p o te n tia l

To investigate the structures and the thermodynamic properties of a system and to 

obtain meaningful results from atomistic simulations of materials, the selection of 

accurate potentials is of considerable interest. The usefulness of the results strongly 

depends upon the quality of the interatomic potential employed in the simulation. 

For metallic system, the traditional approach of using pairwise potentials have known 

deficiencies to investigate the defective regions such as crack tips and free surfaces. 

Daw and Baskes’s idea of adding the embedded energy term for every atom to the 

pairwise potential have shown dramatic improvement in simulation results over pair 

potentials without severe computational effort. Using a similar approach, Voter and 

Chen [69] fit an interatomic potential to the Ni3Al alloy system. This potential can 

treat fee Ni, fee A1 and the Ni3Al alloy [69]. Details of the fitting procedure are 

presented in [69]. The potential gives a perfect fit to the experimental values of
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lattice constant (a0), cohesive energy (Ecoh) and bulk modulus (B) for any choice 

of pair potential (*F(r)) and electron density (p(r)). Other material properties i.e. 

the elastic constants, the vacancy formation energy, the bond length and the bond 

energy of the diatomic molecule also show good agreement with experimental results 

[69]. Figure 3.5 shows all the functions for the Ni, A1 and Ni3Al potentials. This 

figure demonstrates that the repulsive nature of the embedding function is balanced 

by the attractive pairwise potential and for the pure metals, the total attraction of 

Ni for A1 is actually stronger than tha t of Ni for Ni or A1 for A1 [69]. Table 3.1 

and Table 3.2 show the experimental data used in the fits along with the calculated 

values of Voter-Chen potential for Aluminum and Nickel respectively.

3
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s

i
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Figure 3.5: The functions comprising the Ni, A1 and Ni3A l potentials. The dotted  
lines represent the variation o f the functions with respect to scaling o f electron 
density (p) [69],

Indenter poten tia l

A rigid, frictionless, cylindrical indenter is chosen for indentation which is defined 

by a repulsive potential of the form

*  =  | C (r  -  R ?  /o r  r  < R ’ (3.10)
|  0  fo r  r > R
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Property of aluminum expt. calc.
a0{A) 4.05 4.05

Ecoh{eV) 3.36 3.36
B(1012erg/cm 3) 0.79 0.79

C ii( 1 0 1 2 erg /cm 3) 1.14 1.07
Ci2 (1 0 1 2 er<7 /cm 3) 0.619 0.652
C4 4 ( 1 0 1 2 erg /cm 3) 0.316 0.322

Vacancy formation energy A E[v (eV) 0.75 0.73
Bond Energy De(eV) 1.60 1.54

Bond length R e(A ) 2.47 2.45

Table 3.1: Experimental and calculated properties o f aluminum [69].

Property of nickel expt. calc.
a0(A) 3.52 3.52

Ecoh(eV) 4.45 4.45
B(10X2erg/cm 3) 1.81 1.81

C n (1012 erg /cm 3) 2.47 2.44
Ci2(1012erg/crri3) 1.47 1.49
C4 4  (1 0 1 2 er g /cm 3) 1.25 1.26

Vacancy formation energy A E[v (eV) 1.60 1.60
Bond Energy De(eV) 1.95 1.94

Bond length Re(A) 2 . 2 0 2.23

Table 3.2: Experimental and calculated properties of nickel [69]

where, C = 100eV/A2 is chosen empirically, r is the distance between atom center 

and indenter center and R = 50A is chosen in this study as the indenter radius. The 

A1 and Ni atoms interact with this potential , which effectively repels the atoms and 

forces them to remain outside the 50A radius of the indenter.

3 .5 .2  L a ttice  con stan t ca lcu la tio n  for A1 and  N i

For our research we selected 2D hexagonal structures of Aluminum and Nickel with 

their z-axis perpendicular to the in-plane deformation. The hexagonal structure is 

not a “real” crystal structure, and it is unstable both in 3D and out-of-plane defor-
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mation. It is stable in 2D because it is constrained in the z direction which allows 

us to get 2D in-plane deformation. Another feature of such 2D hexagonal crystal 

structure is that, a dislocation gliding on one of the three slip systems can dissociate 

into two dislocations, one on each of the other two systems. Such dissociation can 

be viewed as a 2D analogue to cross-slip in 3D [16]. Also, the dislocation character 

can only be edge with its line direction perpendicular to the x-y plane of the model, 

simplifying the details of dislocation detection and passing. Moreover, the elastic 

properties are exactly isotropic in-plane for hexagonal materials. These features of 

hexagonal crystal structure motivate us in using such fictitious model material for 

our simulation. Our simulations cannot be used, therefore, to make accurate quan

titative predictions about real materials. Instead, they permit us to examine trends 

and generic behaviors that real materials may also exhibit.

The Voter-Chen EAM potential [69] was used to create the structures of these two 

materials. Initially the positions of a number of atoms for each material were gener

ated using a separate computer program. Then the structures were allowed to relax 

using the molecular dynamics code (Dynamo [70]) that finds the equilibrium config

uration of the atoms using the Voter-Chen potential. The equilibrium condition to 

calculate the lattice constants is given by [57]

Aij +  F'(p)Vij =  0, (3.11)

where

=  (3-12)
m

=  (3.1.3)
m

and where a™ is the ith component of the position vector to the m th neighbor, 

=  [d$(r)/dr] r - a m  and pm =  [dp(r)/dr]r= a m  ; (see section 2 .6 . 1  for more detail).

From the relaxed configuration of the atoms, the Bravais lattice vectors of each
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m aterial were calculated. Figure 3.6 shows the structures of these two materials 

after relaxation. For Al, the Bravais vectors are:

&! =  [2.7663137,0.0,0.0] 

b2 =  [1.383156,2.395698,0.0]

6 3  =  [0.0,0.0, 3.0]

and for Ni, the Bravais vectors are:

6 1  =  [2.409421,0.0,0.0] 

b2 =  [1.204710,2.086620,0.0] 

b3 =  [0 .0 , 0 .0 ,3.0]

Although, as we said earlier, the hexagonal structure is 2D and is constrained in 

the z-direction, it is necessary to specify the equilibrium spacing between layers (for 

hexagonal material, this is only one layer) in the z-direction to generate an infinite 

crystal using DYNAMO [70]. For the DYNAMO code to work, this spacing should 

be greater than half of the cutoff radius of the EAM potential. We chose the spacing 

3.0.4 in the z-direction for both Al and Ni, as the cutoff radius for the Voter-Chen 

EAM potential is 5.5.4. Although Al and Ni may have different independent values, 

we were able to select only one periodic length in the z-direction. Thus, we had to 

stretch one or compress the other along the z-direction to make them fit together.

3 .5 .3  E lastic  m od u lu s C a lcu la tio n

In the CADD formulation, a fully anisotropic and linear elastic constitutive relation 

is used for the "fields of Problem II, tha t describes the finite element solution of the 

total continuum field, to ensure a match of elastic constants in the continuum region 

to those of the crystalline atomistic region. However, for the ~ fields of Problem I 

describing the discrete dislocation, we use the analytic fields from isotropic elasticity
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Figure 3.6: Bravais lattice vectors o f (a) Aluminum and (b) Nickel.

with Voigt-averaged elastic constants. The constitutive relations in the continuum 

region are shown in Equation 3.3 and 3.4. The macroscopic elastic moduli Ciju in 

Equation 3.4 can be written in terms of the microscopic interatomic interactions. At 

equilibrium, these moduli take the form [57]

Cijki = (Bijkl + F \p )W ijkl +  F '\p )V ijVkl)/£kn (3.14)

where fin  is the undeformed atomic volume, and

Bijkl

WljU =
m

v i3 = J 2 p ' ama? a? / arn-

(3.15)

(3.16)

(3.17)

where, <f>̂  =  [d2$ (r ) /d r2}r=an> and pm = [d2p(r)/ dr2]r=am

This expression for the elastic modulus demonstrates an im portant connection be

tween atomistic and continuum models and are used for the finite element problem.
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This expression will yield three independent non-zero components of the moduli for 

a crystal with cubic symmetry. In Voigt notation they are expressed as follows [57]

C u n  =  Cu =  [Bn  +  F '(p)W ll +  F"(p)(Vn )2]/O 0, (3.18)

C u 2 2  = c12 =  [B12 +  F'(p)W 12 +  F"(p)(Vn )2]/Oo, (3.19)

c1212 = c44 =  [B12 +  F'{p)W l2\ / n  0 , (3.20)

The materials studied in this work are hexagonal Al and Ni oriented with the z-axis 

out-of-plane, so as to create an effectively 2D atomistic region. Using the Voter-Chen 

EAM potential, the calculated in-plane elastic constants of aluminum and nickel are 

presented in Table 3.3 and Table 3.4 respectively.

Cn  = C22 1.5126 eV/A 3

C\2 = A 0.9485 eV/A 3

Cm =  p 0.28203 eV/A 3

Table 3.3: Calculated in-plane elastic constants for aluminum.

Cn  =  C2 2 4.8722 eV/A 3

C i2 =  A 2.4986 eV/A 3

Cm = P 1.1868 eV/A 3

Table 3.4: Calculated in-plane elastic constants for nickel.

3 .5 .4  M o d el d escr ip tio n  for b ilayer s im u la tio n

Figure 3.7 shows a bilayer simulation model, in which a thin film of one material was 

placed on top of a substrate of other material. Different film thicknesses (i.e. 40A 

or 50A) were chosen for different bilayer simulation models but the overall size of 

the model was kept constant at 920A by 530.4. The radius of the indenter was 50,4. 

We defined one atomistic region beneath the indenter for both of these two layers.
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The thickness and the width of the atomistic region were chosen to be 160 A and 

llOA respectively. To study the nucleation of the dislocations beneath the indenter, 

and the interactions between the dislocations with the interface and to study the 

role of misfit dislocations in the deformation process, a significant portion of the 

whole system should be considered as an atomistic region under the indenter. Thus, 

the width of the atomistic region is selected to be greater than the diameter of the 

indenter and the thickness is chosen to be greater than the film thickness. Figure

3.8 shows the atomistic region of a 50.-4 nickel film on top of an aluminum substrate 

model. The atoms are at the vertices of the small triangular elements, which are 

shown only to make visualization of the deformation easier. We can also see the 

interface between these two layers in the middle. Although we defined one atomistic 

region for both of these two layers, the atom spacings are not uniform in the whole 

region. Above the layer interface, the atoms are placed into their Bravais lattice sites 

based on the lattice constant of material 1 i.e., nickel. But below the layer interface, 

a new lattice constant of material 2  i.e., aluminum, is used to determine the positions 

of the atoms. On the other hand, we defined several continuum regions around the 

atomistic region. In these continuum regions, the size of the finite elements are set 

to increase gradually as they move away from the atomistic/continuum interface, 

Figure 3.9. But still the nodes of the elements represent the Bravais lattice sites 

of the crystal. The last row of atoms in the atomistic region is considered as the 

interface nodes between atomistic region and continuum region. After defining the 

positions of the real atoms and the continuum nodes, the pad atoms are added to 

the model. The pad atoms occupy the physical space of the finite elements and 

their positions are determined in a similar way as for the real atoms, Figure 3.9. 

The thickness of the pad region should be equal to or greater than  the cut of radius 

of the interatomic potentials. For the Voter-Chen interatomic potential it is 5.5A. 

After creating the model, it becomes necessary to specify the materials of each atom
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Figure 3.7: Bilayer simulation model.
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Figure 3.8: Atomistic region under the indenter and the position o f the layer interface 
between Ni and Al.

and the continuum element. In the atomistic region it can be done in a straight 

forward way. Any atom located above the interface are considered as material 1, 

and rest of the atoms below the interface arc considered as material 2. But the 

materials of the continuum elements are defined in a slightly different way. If the 

centroid of an element falls above the interface then the material of tha t element 

is considered as material 1 , otherwise, elements having their centroid below the 

interface are considered as material 2. Although we specified a uniform thickness of 

the film at the beginning, we obtained a nonuniform interface in the continuum region 

as sizes of the elements increase gradually as we move further from the interface, 

Figure 3.10. We assume that, this discrepancy will not introduce significant error in 

our results, since it is at a very small length scale.
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Figure 3.9: Distribution o f real atoms (light gray circles), interface atoms (dark gray 
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simulation model.

3 .5 .5  M o d el d escr ip tio n  for m u ltilayer sim u la tion

Figure 3.11 shows the geometry of a multilayer simulation model, in which, one layer 

of Ni and another layer of A1 films are placed on top of a Ni substrate. The thickness 

of the films and the substrate are shown in the figure. The size of the models for 

every multilayer simulation case were kept fixed at 920A by 600A. The figure also 

shows the positions of the two interfaces of this model. The key feature of this model 

is the addition of a second atomistic region near the second interface. An im portant 

point to be noted here is the size of this region, which is little bit wider than tha t 

of the first atomistic region. It is necessary to make it wider as the dislocations 

nucleated in the top layers, spread out as they come down to the bottom  layers. We 

also made it very thin and considered only several rows of atoms on the either side 

of the interface, to study the interactions between the dislocations with the interface
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Figure 3.10: Actual position o f the interface in the continuum region (marked by 
dashed line), whereas, solid line defines the defined film thickness.

and with the misfit dislocations but without increasing the computational effort 

significantly. It is possible to reduce the system size further by considering several 

small atomistic regions along the interface, in the positions where dislocations may 

interact with the interface, but tha t will increase the complexity of the modelling. 

Figure 3.12 shows a close view of the positions of the real atoms, interface atoms, 

pad atoms and the continuum nodes around the second interface. Here we see a 

second layer of A1 film (more widely spaced atoms above the interface) is placed on 

top of Ni substrate. These positions have been determined in the same way as we did 

for the bilayer models. The pad atoms are also added around the atomistic region 

based on the lattice constants of these two materials. As we introduced an additional 

atomistic region, a second detection band is needed to be defined inside the second 

atomistic region to detect the dislocations coming down from the top layers. Figure 

3.13 shows the position of this second detection band inside the atomistic region.
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Figure 3.11: Multilayer simulation model.

Thereafter, a slightly different multilayer simulation model has been studied, in 

which, we considered an identical multilayer simulation model as before, but ignored 

the second atomistic region near the second interface. This was done intentionally by 

replacing the atoms at tha t region with the continuum nodes. Thus, the gray colored 

atoms in Figure 3.12 became the continuum nodes and the white colored elements 

in Figure 3.13, which were initially the mesh joining those atoms, became finite 

elements having different elastic constants across the interface. In brief, there was 

a fully atomistic mismatch across the interface before, but only the elastic constant 

mismatch after doing the modification. All other parameters, i.e. to tal number of
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Figure 3.12: Positions o f real atoms (light gray circles), interface atoms (dark gray 
diamonds), pad atoms (white circles) and continuum nodes (black circles) around 
the second atomistic region.

the pad atoms, layer thicknesses etc., were kept constant. Our objective was to 

study the change in behavior of the systems if we neglect the atomistic details in 

the regions where those are im portant. Moreover, tha t also allowed us to see the 

effectiveness of the continuum model to predict the dislocation behavior near the 

interface compared to  the atomistic model.
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Figure 3.13: Position o f the detection band (small black triangular elements) inside 
the second atomistic region. The grey elements are the continuum elements.
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Chapter 4 

R esults and analysis

4.1 Bilayer sim ulation resu lts

As we have discussed in the previous chapter, the existing single grain CADD code 

is modified to observe the effects of nano-indentation into an Al-Ni bilayer system. 

Five different types of models are considered for bilayer simulation-

• Pure Aluminum single crystal

•  Pure Nickel single crystal

• A 50A aluminum layer placed on top of a nickel substrate of 480/1 thick

• A 40/1 nickel layer placed on top of a aluminum substrate of 490.4 thick

•  A 50.4 nickel layer placed on top of a aluminum substrate of 480.4 thick

In the first two cases, pure aluminum and pure nickel, are chosen as the materials 

for the entire region, i.e. these are single grain calculations to establish the baseline 

behavior of the pure materials. These two cases help us in determining the expected 

variation of the materials’ response due to nano-indentation into bilayer systems. In 

the other three cases either a nickel or aluminum layer of varying layer thickness is 

placed on top of the other material.

In every model, the atoms/nodes tha t are located at the bottom surface are held fixed
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and a zero displacement boundary condition is applied. For rest of the atoms/nodes, 

a zero displacement constraint is applied only in the z-direction (the deformation is 

2D). The indenter is allowed to move only in the y-direction. The upper surface is 

free, into which the indenter is pressed. The loading is quasi-static, and is achieved 

by displacement controlled nano-indentation. In this type of loading, the indenter 

position is moved down incrementally and a uniform incremental compressive strain 

is superimposed on the equilibrium solution from the previous load step. Then, the 

atoms, nodes, and continuum dislocations are allowed to relax while holding the 

indenter at a fixed position.

4 .1 .1  A lu m in u m  film  on to p  o f  n ickel su b stra te

Aluminum has a lattice constant slightly larger than tha t of nickel. Thus, when 

an aluminum film is deposited on a nickel substrate (namely Al/Ni), this mismatch 

between two adjacent layers results in an array of misfit dislocations along the inter

face. Figure 4.1 shows the positions of the misfit dislocations (marked by points 1-9) 

along the interface for this case. These misfit dislocations play an important role 

to initiate the plastic deformation and also act as obstacles to glide the dislocation 

movement, at or near to the interface. Figure 4.2 to 4.5, illustrate the deformation 

phenomena occurring at the atomistic region under the indenter at various stages 

of loading. The atoms are at the vertices of the small triangular elements, which 

are shown only to make visualization of the deformation easier. Figure 4.2 shows a 

close-up view of the misfit dislocations located at points 3-8 in Figure 4.1. As the 

indentation process progresses these misfit dislocations start to move and take new 

positions, points 3’-8’ in Figure 4.2, along the layer interface. An important thing 

to be noticed here is tha t all these misfit dislocations move inward to the center of 

the model from their initial positions while indentation progresses. At certain stage 

of indentation one of these misfit dislocations (at point 6 ’ in Figure 4.2) dissociates
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Figure 4.1: Positions o f the mis f t  dislocations (point 1-9) along the interface due to 
the lattice constant mismatch between A1 and Ni.

and moves into the top aluminum layer. Right after the dissociation, two disloca

tions move upward along two slip planes and reach the surface of the top layer at 

point ‘A’ and ‘B’. Figure 4.3 shows the dissociation of second dislocation also from 

the layer interface, point 4’ in Figure 4.3, which also travels upward along two slip 

planes and reaches the top layer surface at point ‘C ’ and ‘D ’. The unique feature 

of the 2D hexagonal crystal structure is that, one dislocation gliding on one of the 

three slip systems can dissociates into two dislocations, one on each of the other two
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Figure 4.2: The primed (’) positions are the final positions o f the misfits. Dissociation 
of misfit starts from one of these positions (point 6’).

slip systems [14]. After reflecting back from the surface at point ‘A’, the dislocation 

again dissociates into two new dislocations at point ‘E ’, Figure 4.4. One of the new 

dislocations moves horizontally to the right and the other one moves down and to 

the right. As the indentation process progresses further, dislocations continue to 

dissociate from the layer interface and move to the aluminum layer. In addition to 

the dissociation activities from the interface, some dislocations also nucleate beneath 

the indenter inside the aluminum layer. But the thing to be noticed here is tha t all 

of the dislocation activities i.e., nucleation, dissociation and movement are confined 

within the aluminum layer instead of nickel during the whole indentation process, 

Figure 4.5. Since nickel is a harder material compared to aluminum, it is easier for 

a dislocation to move in aluminum than in nickel.
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Figure 4.3: Dissociation of the misfit dislocations at different locations in the layer 
interface.

Indenter of radius SO A
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Figure 4.4: Dissociation o f dislocation (at point E) after reflecting back from the 
indenter surface (point A).
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Figure 4.5: Accumulation o f the dislocations in the aluminum layer.

4.1 .2  N ick el film  on  to p  o f  a lu m in u m  su b stra te

A similar type of response is also found when a nickel layer is placed on top of 

an aluminum substrate (namely Ni/Al). Here also we notice the presence of misfit 

dislocations at the interface, marked by points 1-8 in Figure 4.6. Figure 4.7 show 

the initial and final positions of the misfits located between points 2-7 respectively 

along the interface, which move outward from their initial positions. The opposite 

motion of the misfits in this case can be explained by the presence of dislocations 

of opposite sign, in Figure 4.6, to those in Figure 4.1 tha t form in the nickel layer 

due to its smaller lattice constant. Moreover, the stresses induced by the indenter 

also have a significant influence on the misfit dislocation movement and dissociation 

along the interface, which will be discussed in the following section. As in the Al/Ni 

model, one of the misfit dislocations (61) dissociates (62 and 63) and moves along 

two slip planes into the lower aluminum layer. The misfit dislocation (61) in Figure
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Figure 4.7: Movement o f Misfit dislocations along the interface.

4.7 is found to be an edge dislocation whose Burgers vector is [-2.766, 0, 0]. The slip 

system of this dislocation can be written as: [-a, 0, 0] (0 1 0), where a=2.766 A, the 

lattice constant for Aluminum. The slip systems for the dissociated dislocations 62 

and 63 can be written as:

62 =  [-1 .3831 5 6 ,-2 .3 9 5 6 9 8 ,0 .0 ](-1 -1  0) =  a /2 [ - l ,  -> /3 ,0 ](—1 -  1 0)

63 =  [-1.383156,2.395698,0.0](1 - 1 0 )  =  a /2 [ - l ,  y/3 ,0](1 -  1 0)

It is also observed tha t the misfit dislocations always move in the A1 layer rather 

than in the Ni in both these cases, Figure 4.2 and Figure 4.7, which is quite expected 

due to the lower hardness of aluminum than nickel. While indenting further we also 

observe a few dislocations to nucleate in the nickel layer and then move to the 

aluminum layer across the layer interface, Figure 4.8.
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Figure 4.8: Passing o f dislocation across the N i/A l interface.

4 .1 .3  L oad -D isp lacem en t cu rves for A l-N i b ilayer sy s te m s

Figure 4.9 presents the variation of load-displacement curves for these five cases. 

The maximum indentation depth varies from 20A  to 30,4, which is approximately 

50 percent of the film thickness for the bilayer models. At this large penetration 

depth it is not possible to determine film properties accurately without significant 

influence from the substrate. But since we are mainly interested about the dislo

cation nucleation and their interaction with the interfaces, we allow penetration as 

large as possible. In every case we find a complete elastic response of the system at 

the initial stage of loading, while the first drops in the curves indicate nucleation of 

the first dislocations (marked by points P1-P5 in Figure 4.9). The displacement at 

which nucleation occurs and the corresponding load for every case are summarized 

in Table 4.1. This figure also clearly shows tha t the first dislocation nucleates at 

different level of load for the different cases. Since nickel is harder than aluminum,
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Figure 4.9: Load-Displacement curves for different Al-Ni bilayer system. For every 
case the overall thickness o f the model is 530/1.

the amount of load required to nucleate the first dislocation in nickel is much higher 

than that of aluminum, see Table 4.1. Similarly a nickel layer placed on top of 

an aluminum substrate also exhibit higher a load requirement to nucleate the first 

dislocation compared to an aluminum layer placed top of a nickel layer.
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4 .1 .4  H ard ness m easu rem en t for b ilayer sy stem s

Load-displacement data are used to get information about the hardness variation 

with indentation depth, Figure 4.10. The hardness is measured by dividing the load 

by the contact area after every load step and the contact area at every load step is 

calculated by taking the projected area of the indented surface. In every case the 

hardness increases up to certain level of indentation depth and after that it decreases 

gradually or remains constant. Before reaching the maximum hardness point, there 

exist some fluctuations in the curve which have happened due to the quasi-static type 

of loading and sudden increase in contact area at certain load step. The maximum 

hardness obtained in each case is presented in Table 4.1. It is also clear from the 

figure tha t pure nickel is the hardest among the others and the aluminum layer 

placed on top of nickel shows the lowest hardness at most of the indentation depth. 

Though in the Al/Ni case the bottom  layer is of nickel, it still shows lower hardness 

than pure aluminum. The reason can be the bottom  nickel layer acts like a rigid 

substrate, which impede any dislocation movement into it, thus, the overall response 

of this model is almost similar to the pure aluminum except tha t the aluminum 

layer thickness is less in this case. It can be concluded from this figure tha t by 

placing a thin layer of hard material on a substrate of soft material dramatically 

increases the overall hardness of the system and this hardness can be increased 

further by increasing the layer thickness. The hardness trends after first dislocation 

nucleation are shown in Figure 4.11. These trend lines are drawn only to smooth the 

hardness curves tha t will make visualization easier but can not be used to predict 

the materials’ response beyond the point of maximum penetration depth for each 

case. According to our discussion in Chapter 2, hardening at nano-meter length scale 

occurs when large number of dislocations, confined over small volume, get tangled 

with each other and the movement of one dislocation is hindered by other dislocations 

and also by the interface. On the other hand, the indentation size effect leads to a
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Figure 4.10: Hardness variation with depth of penetration for different bilayer m od
els. For every case the overall thickness o f the model is 530.4.
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decrease in hardness at higher penetration depth due to the lower strain gradient. 

Thus, the hardness trends presented in Figure 4.11 are affected by simultaneous 

contributions of these two factors. These trends suggest that the indentation size 

effect is dominant in every case except for pure nickel, where the above two factors 

have equal contributions. The pure aluminum model (Figure 4.11(a)) behaves like 

a single crystal thick film bonded to a rigid substrate. The maximum penetration 

depth (32A) is much less than its overall thickness. Thus, there is no influence from 

the substrate. There exist large number of dislocations but they can spread over 

a large volume. Thus, hardening due to higher dislocation density is not present. 

But for an aluminum film on top of a nickel substrate model (Figure 4.11(c)), there 

exists a substantial influence of the nickel substrate. Up to 20 — 25^4, hardness 

decreases steadily but after that, it seems to increase with penetration depth. As 

the dislocations fail to cross the Al/Ni interface, a large number of dislocations 

accumulate within a small film volume and lead to increase in hardness at higher 

penetration depth. However, for other two cases (Figure 4.11(d) and (e)), where 

a nickel is placed on top of an aluminum substrate, even at maximum penetration 

depth (which is more than 50 percent of the film thickness), dislocations are quite 

mobile and do not experience any resistance from the interface. So, hardening due 

to increased dislocation density or dislocation-interface interaction is not observed. 

The movement of dislocations and the dissociation phenomena within single crystal 

pure Ni are not so abundant as those for single crystal pure Al. Moreover, unlike 

other bilayer models, the maximum indentation depth (5max) is not tha t substantial 

(only 3.33 percent of the total bilayer thickness) to get any predominant effects of 

one of those two factors, rather the effects of hardening is almost mitigated by the 

indentation size effects at tha t small penetration depth.(Figure 4.11(b)).
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Figure 4.11: Hardness trends after Erst dislocation nucleation for different bilayer 
models.
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Case S(A) P (eV /A ) Hmax{GP a)
Pure Al 8.0 5.3857 10.23
50A Al on top of Ni 5.8 5.3714 10.39
40A  Ni on top of Al 13.8 13.074 2 1 . 8 8

50A Ni on top of Al 15.3 15.333 26.13
Pure Ni 1 0 . 8 24.089 37.28

Table 4.1: Summary of the results obtained from load vs. displacement curve and 
hardness vs. displacement curve for all bilayer models.

4 .1 .5  A to m ic  level stress  ca lcu la tio n

To reveal the underlying mechanisms tha t initiate the movement and dissociation 

of the misfit dislocations along the interface, the atomic-level stresses are evaluated 

during the indentation process. The commonly known Virial theorem is used to 

evaluate these stresses, which for the EAM description of a material can be written 

as

where, the superscripts I  and J  refer to Cartesian components, a-J refers to the stress 

tensor at atom i, rJtJ is the I th component of the relative position vector between 

atoms i and j ,  and rtj is its magnitude. Q, is the atomic volume at site i. <T>, F and p 

are the pair potential, embedding energy and electron density respectively, while the 

prime components denote the differentiation with respect to r*j (see section 2 .6 . 1  

for more detail). Initially, when the indenter is well above the free surface, the 

indenter has no effect on the stress levels of the atoms. The atomic stresses are only 

the residual stresses tha t develop due to the interactions between different atoms 

during the relaxation process. Figure 4.12 shows the residual stress distribution of 

the atoms in the atomistic region. The interactions between Al and Ni atoms across 

the interface can also be seen from this figure. When the indenter comes in contact 

with the free surface, the stress levels of the atoms start to change. To get the true
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Residual stress distribution at the interface
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- 0.0224 
- 0.0250

effect of the indenter, the residual stresses have been deducted from the total shear 

stress values of every atom, ft has been found tha t during initial stages of loading, 

the indenter has no significant effect on the stress levels of most of the atoms except 

those located at the interface. Even when the indenter is just in contact with the 

interface (depth of penetration 0.3A), it alters the stress levels of the atoms located 

at the interface, Figure 4.13(a). The bright and dark colored zones in this figure 

are the points where the misfit dislocation cores are located. As the indentation
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Figure 4.13: The effect o f indenter on the atoms in the atomistic region at the 
indentation depth (a) 0.3.4 and (b) 1.8.4.
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progresses, the effect of the indenter at those locations on the interface becomes 

more significant, Figure 4.13(b), which gradually causes the dislocations to move 

along the interface and ultimately forces the dislocations to dissociate into the soft 

A1 layer. The effect of the indenter on the stresses of surface atoms can also be seen 

in this figure. To get a more detailed picture about this phenomenon, the stresses of 

the interfacial atoms are plotted in Figure 4.14 and Figure 4.15. Figure 4.14, shows 

the shear stress variation of the atoms located at the interface (Y =  —50A) after 

the 3rd and 18th load step. Two im portant things can be deduced from this figure. 

Firstly, as the indentation process progresses the effect of the indenter becomes

Shear stress distribution at Y= - 50.0 A
0.15

3rd Load step 
18th Load step

0.05

000 ’0 0

Oik
00,

-0.05

- 0.1
-50 0 50

X(A)

Figure 4.14: Shear stress variation o f the atoms located at the interface (Y=-50.0A). 
The open circles are the stresses after 3rd load step and the filled circles are the 
stresses after 18th load step.
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Figure 4.15: Shear stress variation o f the atoms located (a) 10.0A above the interface 
(Y=-40.0A) and (b) 10.0A below the interface (Y=-60.0A). The open circles are the 
stresses after 3rd load step and the filled circles are the stresses after 18th load step.
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more prominent at the positions where the misfits are located. The large variation 

of stresses at those positions can also be seen from this picture. Secondly, the stress 

levels at the same locations on the either side of the center of the model are opposite 

to each other. Though the magnitudes are not the same but the opposite nature 

of the stresses results in opposite motion of the misfit dislocations along the grain 

boundary. As it has been discussed before, the motion can either be inward or 

outward depending upon the film-substrate system. As we move further from the 

interface, either top or bottom, the effect of the indenter becomes less significant. 

Figure 4.15(a) and Figure 4.15(b) show the stress variation of the atoms located 

±10A from the interface. No noticeable variations are observed at those positions.

4.2 M ultilayer sim ulation  results

After simulating the bilayer models, the CADD code has been modified further to 

study an Al-Ni multilayer structure, and its simplest case with two layers of films 

coated on a substrate is modelled. Thin layers of A1 and Ni films on either A1 or Ni 

substrate are considered:

•  Case I: An aluminum layer (40/4) and a nickel layer (160/4) are placed on top 

of an aluminum substrate (400.4) (namely Al-Ni-A1 system).

• Case II: A nickel layer (40/1) and an aluminum layer (160/1) are placed on top 

of a nickel substrate (400A)(namely Ni-Al-Ni system).

• Case III: Ni-Al-Ni system but without atomistic region at the second interface 

(namely Ni-Al-Ni without 2nd atomistic).

The behavior of these models are compared with the behaviors of the pure metals 

of the same model size.
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4 .2 .1  N i-A l-N i sy stem

Figure 4.16 shows the deformed configuration of the Ni-Al-Ni system due to the 

nano-indentation. Any dislocation, tha t nucleates in the top Nickel film, is able to 

cross the first interface quite easily, and shows easy glide along the soft aluminum 

layer. But when it comes down to the second interface, its movement is blocked due 

to the presence of hard Ni substrate. Moreover, the misfit dislocations present at 

the interface also incorporate extra resistance to the dislocation motion. Figure 4.16 

shows, one of the dislocations, nucleated in the top layer, point A in Figure 4.16, 

hits one of the misfits present at the second interface, point B in Figure 4.16 and 

triggers it to be dissociated into the A1 layer, point C in Figure 4.16. As we modeled 

this portion of the interface with the atomistic region, both the lattice constant 

mismatch and the elastic constant mismatch between adjacent layers contribute to 

the blocking of dislocation movement.

4 .2 .2  N i-A l-N i sy s te m  (w ith o u t an a to m istic  reg ion  at th e  
secon d  in terface)

The necessity of the atomistic region near the interface can be justified by modeling 

the previous case but replacing the second atomistic region with the finite elements. 

Thus, we intentionally ignore the atomistic details (i.e. misfit dislocations, stacking 

faults etc.) at the second interface. Figure 4.17 shows the deformed configuration 

of this model due to the indentation, which is slightly different than tha t of the 

previous case. As before, any dislocation tha t nucleates in the top layer can cross 

the first interface very easily. But, instead of being blocked at the second interface, 

it also crosses the second interface and eventually yields the hard Ni substrate, 

Figure 4.17. The result suggests tha t glide dislocations do not experience significant 

resistance while crossing the interface if only the elastic constant mismatch exists 

between the adjacent layers. Thus, the continuum model is not sufficient to predict
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Figure 4.16: Deformation configuration of Ni-Al-Ni model.
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Figure 4.17: Deformation configuration o f Ni-Al-Ni (without 2nd atomistic region) 
model.

the behavior exactly and requires the necessity of atomistic models at the locations 

where dislocation/interface interactions are possible.
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4 .2 .3  L oad -D isp lacem en t curves for N i-A l m ultilayer sy s
tem s

Figure 4.18 shows a plot of load vs. displacement for all of the five cases. Like the 

bilayer models, all multilayer models show a good elastic response at the initial stage 

of loading. The first dislocation nucleation points are marked by points P1-P5 in 

Figure 4.18 for different cases. The amount of load required to nucleate the first 

dislocation (P), the corresponding penetration depth (5) and the amount of load 

drop (A P), and maximum hardness obtained (Hmax) for all cases are summarized 

in Table 4.2.

Pure Ni model exhibits the highest load requirement (24.869el//.4 at penetration 

depth of 11.54), whereas, Al-Ni-Al models shows the lowest load requirement (4.7323el//A 

at penetration depth of 6.74) to nucleate the first dislocation, which is also less than 

tha t of the pure aluminum model (6.5132eH/A). The other two models, Ni-Al-Ni 

and Ni-Al-Ni (without the 2nd atomistic), have almost similar P  — S curves until 

the first dislocation nucleates (points P2 and P3 in Figure 4.18). The amount of 

load required and the indentation depth are almost the same but the amount of 

load drop at those points are quite different. A higher load drop of 5.2477eV/ A  in 

the Ni-Al-Ni system, compared to 2.716eVj°A for Ni-Al-Ni (without 2nd atomistic) 

model, corresponds to the nucleation of dislocation at the top layer, as well as the 

dissociation of the misfit dislocation at the second interface. All the plastic defor

mations are confined only at the top film for Al-Ni-Al model, due to the resistance 

imposed by the hard second layer at the first interface. But for the Ni-Al-Ni model, 

dislocations are able to yield both the films but not the substrate. However, for 

Ni-Al-Ni (without 2nd atomistic) model, the substrate has also been yielded, as the 

second interface fail to block the dislocation movement.
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Figure 4.18: Load-Displacement curves for different Al-Ni multilayer system.
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4 .2 .4  H ard ness m easu rem en t for m u ltilayer sy stem s

Figure 4.19 shows the hardness vs. displacement plots for all of the multilayer 

models. Pure Ni exhibits the highest hardness of 36.82 GPa (see Table 4.2) compared 

to the other models. Hardness values of Ni-Al-Ni model and Ni-Al-Ni(without 2nd 

atomistic) model are almost the same but less than that of the pure Ni due to the 

presence of soft A1 layer in the middle. Hardness of Al-Ni-Al system is almost the 

same as pure A1 since all the plastic deformations occur in the top aluminum layer. 

Figure 4.20 shows the hardness trends after nucleation of first dislocation for three Al- 

Ni multilayer models. For the Al-Ni-Al model, Figure 4.20(a), the hardness remains 

unchanged as the indentation progresses and thus, there is no clear evidence of a 

hardening or the indentation size effect. This behavior is similar to tha t obtained 

in single crystal thin film results [14]. The hardness in this case is undoubtedly 

affected by the close influence of a hard second layer of Ni. The hardness trend for 

the Ni-Al-Ni model, Figure 4.20(b), can be said to be free from any influence of 

the substrate but there exists a good influence of the interface in determining the 

model’s properties. We observe a hardening effect due to dislocation blocking at the 

second interface, although the rise is not very sharp. This is because the hardening 

is mitigated by simultaneous indentation size effect. In the Ni-Al-Ni (without 2nd 

atomistic) model, Figure 4.20(c), we do not see any dislocation blocking at any 

interface, so no hardening occurs here. As such, we only see the indentation size 

effect in the last model as the indentation progresses.
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Figure 4.19: Hardness variation with depth o f penetration for different multilayer 
models.

Case 8(A) P (eV /A ) A P (eV /A ) Hmax(GP a) Deformed layer
Al-Ni-Al 6.7 4.7323 1.3941 9.31 top film only
Ni-Al-Ni 12.3 13.559 5.2477 22.66 both of the films
Ni-Al-Ni 11.9 13.526 2.716 22.57 both films and 

the substrate
Pure A1 10.1 6.5132 0.5064 11.34 Not applicable
Pure Ni 11.5 24.869 2.523 36.82 Not applicable

Table 4.2: Sum mary o f the results obtained from load vs. displacement curve and 
hardness vs. displacement curve for all multilayer models.
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Figure 4.20: Hardness trends after first dislocation nucleation for different multilayer 
models.
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C hapter 5

Conclusions and Future 
R ecom m endations

5.1 Sum m ary o f conclusions

Nano-crystalline metals are gaining popularity among researchers and scientists, for 

both modeling and experiment, as they exhibit enhanced material properties which 

are highly desirable in many engineering applications. The purpose of this work was 

to investigate the underlying mechanisms and the influence of nanostructural defects 

in determining the nano-indentation response and dislocation plasticity associated 

with the nanolayered structures. Some interesting observations have been revealed 

upon completion of this work.

We basically examined two different types of bilayer models- a soft A1 film on top 

of a hard Ni substrate (Al/Ni model) and a hard Ni film on top of a soft A1 sub

strate (Ni/Al model). The behaviors of these two models were compared with the 

responses of single crystal pure aluminum and pure nickel. In both of these two types 

of bilayer models, the lattice constant mismatch between film and substrate led to 

the formation of misfit dislocations at the layer interface. These misfit dislocations 

initiated the plastic deformation and also played a key role in determining the sub

sequent overall deformation of the model. Moreover, the misfit dislocations acted 

as obstacles to the glide dislocation movement. During the indentation process, the
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movements of misfit dislocations were observed along the layer interface, either in

ward or outward of the center of the model, depending upon the placement of the 

material in the layers. Dissociation of the misfit dislocations, which can be viewed 

as a 2D analogue of cross-slip in 3D, occurred from the interface at certain stage of 

indentation, and in every bilayer model it happened into the aluminum layer (either 

film or substrate) due to its lower hardness compared to nickel. It had also been 

revealed that the stress field induced by the indenter dictated the movement of the 

misfit dislocations along the interface and their dissociations. When the indenter 

was brought in contact to the surface, it significantly altered the stress level of the 

atoms tha t were located near the surface and along the interface. The effect was 

found to be more intense especially at the locations where the misfit dislocations 

were located. However, the stress field of the indenter did not significantly affect the 

stress levels of the atoms tha t were located away from the surface or the interface. 

Load -displacement curves for each bilayer model showed good elastic response of 

the model at the initial stages of loading, whereas, the first drop in each curve was an 

indication of the initiation of plastic deformation of the models either by nucleation 

of a dislocation or by dissociation of a misfit dislocation from the interface. This 

phenomenon occurred at different level of load and different indentation depth for 

every case. Pure nickel was found to exhibit a higher load requirement than pure 

aluminum to nucleate the first dislocation. Similarly, the Ni/Al model exhibited a 

higher load requirement to initiate the dissociation of a misfit dislocation than the 

Al/Ni bilayer model. The variation of hardness with indentation depth was mea

sured by dividing the load by the projected contact area after every load step. It 

was found tha t the overall hardness of the bilayer models depend primarily upon 

the hardness of the film, although at higher penetration depths, the substrate ef

fect cannot be ignored. Thus, by placing a hard film coating on a soft substrate 

enhanced the hardness and further enhancement was achieved by increasing the film
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thickness. The hardness trends after the first dislocation nucleation were dictated by 

simultaneous contributions from the indentation size effect due to the strain gradi

ents and the hardening effect due to the high dislocation density. The hard substrate 

exhibited substantial resistance to dislocation movement and resulted in hardening 

when penetration depth was more than 50 percent of the film thickness. On the 

other hand, the soft substrate failed to resist dislocation movement and did not 

show any hardening effect even at a large penetration depth as the substrate also 

yielded along with the film. The responses of the pure materials were believed to be 

free from any effects of the substrate since the maximum indentation depths were 

very small compared to the overall film thickness. Easy glide of dislocations and 

dissociation events within pure aluminum resulted in lower dislocation density and 

indentation size effect at higher indentation depth. Whereas, the indentation size 

effect was almost mitigated by the effect of hardening due to the lack of dislocation 

movements and scarce dissociation events within single crystal pure nickel.

The multilayer models were constructed by placing two layers of film on top of a 

substrate, for example, A1 and Ni films on top of A1 substrate (Al-Ni-Al model) and 

Ni and A1 films on top of Ni substrate (Ni-Al-Ni model). An additional atomistic 

region was introduced in each of these two models to consider the full atomistic 

details (i.e. misfit dislocation, staking faults etc.) at the second interface. The 

necessity of this atomistic region was validated by constructing a third model, in 

which the second atomistic region was replaced by a continuum region (Ni-Al-Ni 

without 2nd atomistic model), to see the effectiveness of the continuum models to 

elucidate the phenomena of dislocation-interface interactions at the second inter

face. Load-displacement plots for all multilayer models also exhibited good elastic 

response of the models before initiation of any plastic deformation. The Ni-Al-Ni 

model and Ni-Al-Ni without second atomistic model had almost the same response 

upto the points of first dislocation nucleation, but the amount of load drops at those
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points were different in these two cases. The higher load drop in the first model was 

attributed to the blocking of dislocations coming down from the top layers at the 

second interface and simultaneous dissociation event of a misfit dislocation from this 

interface. While in the second model, continuum description at the second interface 

failed to  capture the picture accurately as dislocations coming down from the top 

layers were able to pass the interface quite easily and also yielded the substrate. The 

hardness trends after the first dislocation nucleation also exhibited their dependence 

upon simultaneous contributions from the indentation size effect and the hardening 

effect due to the high dislocation density. In the Ni-Al-Ni model, a hardening effect 

due to dislocation blocking was clearly seen, which mitigated the indentation size 

effect a t a large penetration depth. On the other hand, this hardening effect was 

absent when atomistic details at the interface were ignored. Rather, gradual soften

ing of the model indicated easy glide of the dislocations through the films and the 

substrate.

5.2 R ecom m endations for future work

There exist a range of possible extensions of the present study to get further insight 

into the indentation response of the nanolayered structures.

•  A major im portant direction for future work is to extend the CADD method 

to a 3D formulation. T hat will require implementation of a parallel computing 

framework, but tha t will facilitate the investigation of real crystal structures 

(fee, bcc, hep etc.). In the 3D CADD framework, handling of dislocation loops 

wholly contained either in the atomistic region or in the continuum region may 

not be a problem but the major challenge will be in handling single dislocation 

loops located partly in the atomistic region and partly in the continuum region.

• The effect of different crystal orientations in different layers on the indenta-
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tion response should also be studied. In this present study, the same crystal 

orientation (100) was considered for each layer. Thus, the dislocations did not 

experience any resistance due to the slip plane mismatch while crossing the 

interface. But, it is a well known fact tha t materials possess different proper

ties in different directions and their behaviors also vary tremendously with the 

change of the crystal orientation. Thus, modeling different crystal orientations 

for different layers will facilitate to reveal the effects of slip plane mismatches 

on dislocation movement across the interface in addition to the lattice con

stant mismatch and elastic constant mismatch. It is strongly believed tha t by 

selecting the crystal orientation properly in each layer, it is possible to create 

structures having properties even better than tha t of any of the constituent 

materials.

•  It is also necessary to investigate the behavior of other metallic systems in

volving copper, silver, gold etc. Appropriate interatomic potentials for ternary 

systems may help to study models consisting of three different materials. Cur

rently, work is being progressing using the EAM interatomic potential for alu

minum, silver and copper developed by C.L. Rohrer [71]. This potential will 

allow us to create bilayer structures involving Al-Cu, Al-Ag and Ag-Cu and 

multilayered structures involving alternating layers of Al, Ag and Cu. Many 

interesting observations may come out upon revealing the properties associated 

with these materials. However, metal-nitride systems or nitride-nitride systems 

will require extensive modification of the existing CADD code and selection of 

appropriate interatomic potentials. This is because covalently bonded nitrides 

require higher order potentials.

•  Dislocation nucleation and movement in the atomic and continuum regions 

during the unloading cycle can be analyzed to complete the indentation experi-
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ment. Previous study of nano-indentation on single crystal aluminum revealed 

some interesting observations including dislocation nucleation, annihilation, 

pile-up of materials and a ‘Bauschinger’ effect due to the reverse motion of the 

pre-existing dislocations upon removal of the load. In addition to these, the 

role of misfit dislocations and the interfaces in this reverse plasticity can be 

revealed upon completion of the unloading modeling of the layered structures. 

Moreover, to determine the stiffness and modulus of the layered structures it 

is necessary to analyze the unloading part of the load-displacement curves.

• To get a more realistic picture and to compare the results with experimental 

observations, it is necessary to increase the number of layers of the models. 

Typical multilayer coating structures are not limited to one or two layers of 

film on a substrate; sometimes they may consist of up to hundreds of layers. 

Moreover, the layer thickness should also be reduced, since most of the mul

tilayer structures exhibit substantial strength and hardness enhancement at a 

bilayer period between 10~20 A. Defining separate atomistic region for each 

interface will definitely increase the complexity of the modeling. Instead, a 

single atomistic region can be constructed tha t will include all the interfaces. 

But handling this gigantic atomistic region in a single processor will require 

several days or even months computational time to solve one single problem. A 

parallel version of the CADD method is thus necessary to  save computational 

time and to handle large number of atoms and nodes.

These proposed studies will help to reveal the potential to create a new class of 

high strength materials and will be a contribution towards further understanding of 

im portant aspects of materials science through computer simulation of deformation 

mechanisms in crystalline solids.
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