INFORMATION TO USERS

This manuscript has been reproduced from the microfilm master. UMI films
the text directly from the original or copy submitted. Thus, some thesis and
dissertation copies are in typewriter face, while others may be from any type of
computer printer.

The quality of this reproduction is dependent upon the quality of the
copy submitted. Broken or indistinct print, colored or poor quality illustrations
and photographs, print bleedthrough, substandard margins, and improper
alignment can adversely affect reproduction.

In the unlikely event that the author did not send UM! a complete manuscript
and there are missing pages, these will be noted. Also, if unauthorized
copyright material had to be removed, a note will indicate the deletion.

Oversize materials (e.g., maps, drawings, charts) are reproduced by
sectioning the original, beginning at the upper left-hand corner and continuing
from left to right in equal sections with small overiaps.

ProQuest Information and Leaming
300 North Zeeb Road, Ann Arbor, Ml 48106-1346 USA
800-521-0600

®

UMI






Investigation of Ductile Fracture Under Tensile High Rate
Loading

by

Gang Liu. M.s.,B.S.

A thesis submitted to
the Faculty of Graduate Studies and Research
in partial fulfilment of requirements

for the degree of

Master of Applied Science

in Mechanical Engineering

Ottawa-Carleton Institute
for Mechanical and Aerospace Engineering
Department of Mechanical and Aerospace Engineering

Carleton University
Ottawa, Ontario
January 2002

© Copyright
2002. Gang Liu



l*l National Library W nationale

of Canada
mcagwm ::qrv:es bibligtgraphiques
395 Wellington Street 385, rue
Ottawa ON K1A ON4 Ottawa ON K1A ON4
Canade Canada
Yow e Vowe nélérence
Our e Nowe réidrence
The author has granted a non- L’auteur a accordé une licence non
exclusive licence allowing the exclusive permettant a la
National Library of Canada to Bibliothéque nationale du Canada de

reproduce, loan, distribute or sell reproduire, préter, distribuer ou

copies of this thesis in microform, vendre des copies de cette thése sous

paper or electronic formats. la forme de microfiche/film, de
reproduction sur papier ou sur format
électronique.

The author retains ownership of the L’auteur conserve la propriété du
copyright in this thesis. Neither the droit d’auteur qui protége cette thése.
thesis nor substantial extracts from it  Ni la thése ni des extraits substantiels

may be printed or otherwise de celle-ci ne doivent étre imprimés
reproduced without the author’s ou autrement reproduits sans son
permission. autorisation.

0-612-72068-3

Canada



The undersigned recommend to
the Faculty of Graduate Studies and Research
acceptance of the thesis

INVESTIGATION OF DUCTILE FRACTURE UNDER TENSILE HIGH RATE
LOADING

submitted by
Gang Liu, M.S,, B.S.

in partial fulfilment of the requirements for
the degree of Master of Applied Science

7
vy \_%

Thesis Co-supervisor

Lot L

Thesis Co-supervisor

s At -

Thesis Co-supervisor

/
. 2

Chair, Dept. of Mechanical and Aerospace Engineering

Carleton University
January 2002



ABSTRACT

This thesis presents a study of ductile failure under high strain rate deformation based on
the study of interrupted test specimen microstructures using light microscopy and Scanning
Electronic Microscopy (SEM). The materials used in this study are tantalum, tantalum-tungsten,
Armco iron, and leaded brass which are of different crystal structures, (i.e. BCC and FCC) and
puriies. The effects of triaxility on damage rates are also studied using different specimen

configurations, corresponding to uniaxial, c-notch, and e-notch.

The study has demonstrated that ductile failure is dependent upon the material purity,
second phase particle size and distribution, and stress triaxiality level. The high purity metals
studied (tantalum and tantalum-tungsten alloy) failed by ductile rupture to form a chisel point.
Conversely, with the presence of inclusions or second phase particles, the Armco iron and brass
failed by ductile fracture through void nucleation, growth, and coalescence. Under high
triaxiality, the tantalum-tungsten alloy displayed cleavage fracture triggered by the presence of

small inclusions.

The Gurson damage model is also employed to simulate ductile fracture through void
nucleation. growth, and coalescence in the iron and brass samples. These calculations were
performed using the explicit finite element code LS-DYNA. A comparison of measured and

predicted damage rates reveals a reasonable degree of accuracy using the Gurson model.
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Chapter 1

Introduction

The fracture behavior of ductile materials under high strain rate deformation has been
widely studied for decades, especially for defense applications, aircraft engine design and
personal protection for example. Shock or impact loading may be generated in a machine or
structure either by the collision of moving bodies or simply by the sudden application of a force
or motion to the structure. Thus, a rigorous understanding of the behavior of materials and
structures subjected to the impulsive loading is required. Understanding of material behavior and
property changes under dynamic loading is still far from complete, and additional information on
fracture toughness, strength, stiffness. and stress concentration effects under impact conditions
would be of great help to designers. The understanding of the mechanics and the mechanism of
fracture under high strain rate conditions. and the prediction of fracture are of significance, both

industrially and academically.



Fracture in metals has been traditionally characterized by two modes: ductile and brittle.
The distinguishing feature is whether the broken parts may be refitted together to regain
essentially the original dimensions [1]. Ductile fracture is associated with dislocation motion
(slip) and residual necking and there is no long-range association of microcracks with
crystallographic or interfacial features. In addition, ductile fracture is generally not initiated in
the presence of a stress concentration. Cracks that do develop during ductile failure are
characterized by plasticity effects which involve the movement and concentration of dislocations
at the tip of the advancing crack. When there are inclusions in ductile metals, fracture often

happens by the nucleation, growth and coalescence of voids.

Brittle fracture, on the other hand, is associated with elastic stress behavior, that is, a lack
of readily recognizable dislocation motion. Microcracks develop along crystallographic planes
and are associated with long-range interfacial phenomena. Brittle cracks advance primarily as
aresult of systematic decohesion, called, cleavage. Thus, a typical ductile metal is soft but tough,
since the stress required to move dislocations is small, whereas a brittle metal behaves like a
covalently bonded material such as silicon: it is hard but fragile because the stress required to
move dislocations is large. Fracture in metals and alloys can therefore be recognized as a matter
of cohesion or cohesive strength. Whereas brittle elastic fracture is characterized by cleavage
phenomena, brittle plastic fracture is characterized by features similar to ductile fracture, that is,

hole growth on a microscopic level resulting in a dimpled fracture surface [2].

Besides the materials themselves, material fracture behavior also depends on the type of
load (eg. tension, compression, torsion), the rate of deformation, the temperature, and the size

and geometry of the specimen.

An impact load is distinguishable from a conventional load primarily by its suddenness
of application and its brevity of duration. In addition, its intensity is usually of sufficient
magnitude to produce extensive fracturing and large permanent distortion in the body upon which

it acts [3]). The process of fracture of ductile materials under intense dynamic loading can be



mainly characterized by inertial effects (kinetic energy of void growth) which is different from
that of quasi-static loading [4-7]. The influence of the thermal effect (adiabatic heating)
generated by high rates of deformation, and the rate-dependent effect on the evolution of dynamic
damage is also important [5, 7]. In order to simulate an impact process, many approaches and
techniques have been developed. Among these techniques, the most widely used is the split
Hopkinson bar for evaluation of material response to impulse loads [8]. In the current research,
the tensile split Hopkinson bar has been used to impose high strain rate loading at strain rates of
10°to 10*s'1. Different specimen geometries (uniaxial or notched) and different materials (brass,
Armco iron, tantalum, and tungsten tantalum alloy) have been tested using the tensile split

Hopkinson bar.

The microstructures of interrupted high strain rate test specimens, on the other hand,
record each step of plastic deformation. In order to conduct metallographic examinations,
previous researchers have developed momentum trapping techniques for the tensile split
Hopkinson bar at Carleton University [9, 10]. A systematic characterization and comparison of
the interrupted specimen microstructures for the deformed Armco iron, brass, tantalum and
tungsten-tantalum alloy were developed utilizing optical microscopy and electron MiCroscopy

techniques.

1.1 Fracture Mechanisms of Ductile Material

Ashby [11, 12] classified three types of fracture: i) cleavage, ii) nucleation and growth of
voids, and iii) rupture. as illustrated in Figure 1.1. At low temperatures the material may fail by
cleavage (i.e. splitting along natural crystallographic planes). or by brittle fracture along grain
boundaries (intergranular fracture). or it may fail in a ductile fashion by void coalescence or by
intense shearing. At high temperatures it may fail by a variety of creep fracture mechanisms,

some of which are transgranular. and some intergranular.
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1.1.1 Cleavage

The main mechanism of brittle damage is the nucleation and growth of microcracks and
their coalescence to initiate a crack at the mesoscale which has been defined by Lemaitre [13]
as the scale at which the constitutive equations for mechanics analysis are written. It is quite
evident that pre-existing flaws are the nuclei of crack. Microcracks can also nucleate through

the interaction of dislocations alone. Rosenfield ef al. [14] classified various possible

nucleation mechanisms, as shown in Figure 1.2.

Research on flaw-free materials indicates that cracks are nucleated at grain boundaries
by the stress concentrations associated with blocked shear bonds or dislocation pile-ups [15-19].
However, in many metals and alloys, particularly those that fail in a brittle and intergranuiar
manner, there is little evidence of dislocation pile-ups, and fracture appears to originate and
propagate within the grain boundaries. In 1956, Gifkins [20] proposed that there was another

potential source of microcracks on grain boundaries due to the formation of ledges.

Ledges on the grain boundary are the result of agglomerations, or coalescence of grain
boundary dislocations (GBDs) which have been observed under both transmission electron
microscopy and field-ion microscopy [16-18]. Ledges can be caused by plastic deformation and
can also occur as a result of GBD coalescence during grain growth (or related heat treatment) [2].
Since the grain boundary ledges possess large strain fields [21], they are relieved either by further
slip or by microcrack initiation, when subjected to deformation-induced stress [22]. The
microcrack nucleation mode through transgranular or intergranular microcracking at a grain
boundary ledge, as illustrated in Figure 1.3, will depend primarily on the cohesive strength of

the grain boundary as compared with the lattice (grain interior) [2].

The first work in quantitatively measuring fracture strength was done by Griffith [23],
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and eventually led to the concepts of fracture mechanics [24]. Based on the premise that a crack
is unstable if the stored energy released at fracture is greater than the creation of surface energy
due to new surfaces, Griffith [23] in 1920 developed an analytical approach for fracture
prediction. The model was set up as a panel of thickness, t, containing a crack of length, 2a ,

subjected to a remote stress, s as shown in Figure 1.4. The Griffith equation is expressed as:

_ SE}’J )IIZ
U’_(zm(l-x- D) (k+1) -

where 0 . is the stress to fracture, y | the specific surface energy, and k = 3- 4y .

Since the Griffith equation can only be applied to brittle materials which do not deform
plastically, it is not always sufficient for fracture associated with plastic deformation. Orowan
[25] added the effects of plastic deformation by simply noting that the effective surface energy

can be substituted for the true surface energy in the Griffith equation. The effective surface

energy, ¥, . includes the work of plastic deformation around the fracture surface, Y ,»and true

surface energy, ¥, . as expressed in the following:

Te=V,17, (1.2)



1.1.2 Void Nucleation, Growth, and Coalescence

When polycrystalline solids do not cleave, they may fail in a transgranular, ductile
manner. The mechanism of ductile fracture in metals has been clearly established, by
metallurgical research [26-29], to consist of three principal stages which can be simply described
as void nucleation, growth and coalescence. In the first stage, voids nucleate at the sites of
inclusions or second-phase particles [30, 31], when the plastic deformation in the matrix has
elevated the matrix/particle interface stress to the level where the particles either crack or debond
from the matrix [28, 30-38]. In the absence of foreign particles, but when plastic flow is easy,
ductile fracture can initiate from ‘cavity dislocations’ produced from pile-ups or intersecting slip
planes. The subsequent void growth can be classified into two processes, that is, extensional and
dilational void growth during further plastic flow. When the voids are large enough, they

coalesce by expanding or flowing unstably into one another, leading to widespread cracking.

1.1.2.1 Void Nucleation

Void nucleation in metals can be defined as the formation of a void or cavity at either (1)
apile up of dislocations, (2) an inclusion, or (3) a grain boundary junctions [1]. The mechanisms
of void nucleation in a ductile material can be categorized as homogeneous and heterogeneous.
The main characteristic of homogeneous nucleation mechanism is that the void nucleates
through the process of dislocation interactions and vacancy migration[39], and cavities are
formed in areas characterized by high dislocation densities. Observations by Wilsdorfet al.
[40-42] have shown the opening up of cavities in front of propagating cracks in high purity
single crystal silver foils. On the other hand, the interaction between dislocation and inclusions,
second-phase particles or other structural discontinuities is the main characteristic of

heterogeneous nucleation.



The factors affecting nucleation at the sites of second phase particles or inclusions
include the size, shape, property, and distribution of particles, as well as the properties of the
interface between inclusion and matrix, and the stress state. Hirsch and Humphreys [43] have
proposed a mechanism of plastic relaxation around small particles. At small strains prismatic
loops are punched out and the stresses associated with the particle are reduced. This process is
not available to the larger particles and larger particles fracture at lower strains {28]. When the
size of inclusion is less than 2 um [44], dislocation models are required to describe the
microvoid nucleation process [30. 45]. If the size of inclusion is larger than 2 um, plastic
continuum models are applicable [32, 33]. Particles which are roughly equiaxied will generally
suffer interfacial decohesion after some amount of plastic strain, while irregularly shaped
particles or those with large aspect ratios often fail by internal fracture [46]. If the density of
inclusions is higher on grain boundaries than within the grains, the voids nucleate on the grain
boundaries and the fracture path may follow the boundaries, resulting in a ductile intergranular
fracture. If the bonding of particles to the matrix is fairly week, then voids can nucleate at low
stresses and small strains. However, if the particle is strongly bonded to the matrix then large
strains c2n precede nucleation. Gurland [28] determined the effect of stress state on particle
fracture in a high carbon steel and found that in tension, torsion and compression, particle

cracking occurred preferentially on planes normal to the maximum principal stress direction.

When dislocations pass through second phase particles, three kinds of mechanisms have
been observed: (1) the particle is sheared or fractured [47]; (2) dislocation loops are generated
around the particles [48]; or (3) the dislocation line passes the particle by cross slip, leaving
dislocation segments behind [49]. Large plastic strains are possible both within an inclusion and
at the interface between the inclusion with the matrix, depending on the respective mechanical

properties [50].

Stress concentrations at hard particles can lead to local plasticity, which in turn can lead
to inclusion-matrix separation or inclusion cracking [51-53]. A necessary condition for the

nucleation of a microvoid. by decohesion of the particle/matrix interface, is that the elastic strain
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energy released by the particle is at least equal to the newly created surface energy [30, 32,
35.45]. Gurland and Plateau [35] proposed a criterion for void nucleation due to particle

fracture or decohesion, which is similar to Griffith’s [23] brittle fracture criterion, as:

1 E \ 172
o= _( YS ( 1_3)
a\ [
with:
Y,=V.+ Y,~ Y mp for interface decohesion
Y. =27, particle being sheared or fractured

where d is the diameter of the particle,/ is the length of elongated particle (for a spherical
particle / =d), is the stress concentration factor, & is the matrix stress for void initiation, E

is the Young’s modulus, y is the surface energy, and y,_, Y,.and ¥, represent the surface

energies of the matrix, particle, and particle/matrix interface, respectively. However,
experimental results have indicated that Gurland and Plateau’s approach is not a sufficient
condition because plastic strain is required before void nucleation can occur [54]. The sufficient
condition for microvoid nucleation by decohesion is the attainment of a critical normal stress at

the particle/matrix interface [32].

Ashby [55] proposed a dislocation model for void nucleation around a second-phase
particle. In this model, the yielding was assumed to be accomplished by the dislocation line
pushing through and leaving loops behind. With the increase of dislocation pile-ups against the
particles, the prismatic dislocation loops increase so that vacancy loops will eventually coalesce
at the interface and initiate microvoids around the particles. This process is shown schematically

in Figure 1.5. The matrix strain required for microvoid nucleation is given by



CbLo,,
£E=—
a

(1.4)

where C is a constant, b is the Burgers vector, L is the pile-up size, a is the particle size and o,

is the critical stress required for nucleation.

Another dislocation model of void nucleation for micron-sized, spheroidal second-phase
particles has been developed by Goods and Brown [30, 45]. Considering the energy balance
between the elastic strain energy, AE,, , released through nucleation, and the free energy, AE,,
due to the creation of new surfaces,

AE, +AE <0 (1.5)
the critical condition for microvoid nucleation by decohesion of the matrix/particle interface is

given by [30, 45]:

e, =Kr(s.-s_ )’ (1.6)

Where e, is the critical strain required to nucleate microvoids by particle decohesion, K is a
matenial constant related to the volume fraction of particles, r is the radius of particles, s, is the
macroscopic mean-normal, and s, is the critical cohesive strength of the interface. Equation 1.6
shows that the nucleation strain is strongly influenced by the particle radius which has been
confirmed by experimental results for the Cu-SiO2 and Fe-Fe,C systems[30, 45] and in anumber
of spheroidized steel specimens [56]. This effect is the direct result of the increased rate of

dislocation storage and elevation of the local flow stress as the particle radius decreases.

When the size of the particle is relatively large, plastic continuum models are applicable
[32,33]. Argonet al. [32,33] developed a continuum-plasticity model as a criterion for
microvoid nucleation for relatively large particles of approximately spherical form in which:

6. =0+G,, (1.7)



where o is the equivalent stress, o, is the critical cohesive strength of the interface, and 6, is
the macroscopic mean-normal stress. The term (o+6,,) in equation 1.7 represents the maximum
stress on the particle/matrix interface, and microvoid nucleation occurs when this stress becomes
equal to the cohesive bond strength of the interface 6, . In contrast to the dislocation models,
equation 1.7 for relatively large particles shows that there is no influence of absolute particle size

on the magnitude of the interface stress and the corresponding nucleation strain.

1.1.2.2 Void Growth

After nucleation through either debonding or cracking of a second-phase particle or
inclusion, microvoids will immediately begin the continuous extensional and volumetric growth
process induced by remote applied stress and strain-rate fields [31]. Most of the earliest studies
on the mechanism of hole growth [57,58] were largely empirical. Holes were considered to
interact from the beginning, while the effect of the triaxiality was neglected. A number of
micromechanical models, such as those employed by McClintock [59] and Rice and Tracey [60],
make the simplifying assumption that voids are isolated with cylindrical or spherical shapes,
respectively. It is possible to develop an adequate model in terms of a single void in an infinite
plastic solid and give a reasonable approximation for the early stages of microvoid growth in
which the holes are still small enough so that their interactions with each other may be neglected.

But near final failure this is usually a very poor approximation due to the interaction of voids.

Amoung the earliest theoretical analysis, McClintock's approach [59] is the most
successful model and has been widely adopted by later researchers. In McClintick's model, the
material is assumed to contain three mutually perpendicular sets of cylindrical holes of elliptical
cross-section with axes parallel to the principal directions of the applied stress (and strain
increment). as shown in Figure 1.6. The mechanics problem then reduces to the generalized

plane-strain deformation of a hole in an infinite medium. Taking the dimensions of a cell to be
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[, and [, , which correspond to the respective hole spacings, and take a and b to the

corresponding semi-axes of the holes, two hole-growth factors [61] can be defined as:

all
F = £
“ a,ll?
b/l
F, = 2
b bo/l,?

where a,, by, 1.°, and 1,° are the initial values.

Based on Berg's approach [62] in which the change in shape of an elliptical hole is
expressed in terms of the mean radius, R=(a+b)/2, and the eccentricity, m, (i. e., a and b are the
semi-major and semi-minor axes), McClintock [59] derived an approximate solution for the

growth of an elliptical through-thickness hole in an infinite plate as:

(1.8)

"R 1T 20-0 2 F2 2

o

I[R} F3 s'nh[ﬁ(l—n)ﬂ+ab)+£“+£”)

where R is the initial average void radius, £ is the effective plastic strain in the matrix, &

is the matrix flow stress, and 0, 0,, £, .and &, are the stresses and strains in the principal

directions, respectively. The eccentricity m was defined as:

~—

_aﬂ—ab‘( o_aa-o,,) NEY _h(ﬁ(l-n)aa+abJ
m= —— =i m exp—(l_n)sm 5 = .

(1.9).

The parameter n in equation 1.9 is the hardening coefficient, defined in terms of the stress at the
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point of maximum strain divided by the average stress over the stress-strain curve up to the

maximum strain [63]

U_IE"‘“] -1 (1.10)

Thus,
6 =K(E). (1.1D)

The McClintock mode! has been validated in some experimental studies [64-67], but
other experimental results indicate that the McClintock model can not be used to predict void
growth [68,69], especially when the voids are not cylindrical [70].

A subsequent analytical model considering a spherical void geometry, as shown in Fi gure
1.7, was developed by Rice and Tracey [60] in terms of a rigid-plastic non-hardening material.

Rice and Tracey classified the velocity field as three parts: (1) a velocity field resulting in a

uniform strain rate field £;, so as to meet remote boundary conditions; (2) a spherically

symmetric velocity field corresponding to a change in volume of the void but no change in
shape: and (3) a velocity field decaying at remote distances, which changes the void shape but

not its volume. These velocity fields can be expressed as:

u; = E; x; + Du,.D+ Eu,.E (1.12)

where D and E are constants to be determined, u,D is a spherically symmetric volume changing
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field, and u‘.E is a shape changing field which preserves void volume.

[ ]
The rates of change in the radius of the void R, , in the directions x,, x., X, of the

principal strain rates for the remote strain-rate field, were shown to have the form:

I.eox={(1+E)e.;'+(§e:f e;‘) D}Ro (1.13)

where subscript k. L =1, 2, 3, and

(1+ E')=5/3 for linear hardening. and low values of O, for non-hardening,

(1+E)=2  for high values of g, with non-hardening,

J3-m

D=
4z~

for strong linear hardening,

AN
oo

36~
] + 0.008v CoshL ) for a non-hardening material.

D = 0558 sinh(
27,

L 27,

The parameter v is the Lode variable [71] defined by:

V=-7"". (1.14)

The workbyLe Royc? al. [65]on low. medium and high carbon steels has confirmed

the general validity of the Rice-Tracey equations for void growth. They assumed that materials
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display a continuous linear increase in microvoid nucleation with applied strain and that the
mean-normal stress increases continuously as external necking develops in tension specimens.
Their theoretical results, obtained by carrying out a numerical integration of the Rice-Tracey
equations to give estimates for the changing area-fraction of voids on a microsection with

increasing plastic strain, gave good agreement for the low- and medium-carbon steels up to a

strain of about 0.6.

These first micromechanical studies of void growth focussed on the growth of a single
void in an infinite elastic-plastic solid, and the results were used to estimate critical strains for
coalescence. Most of the subsequent work has focussed on incorporating the effect of the
interaction between nerghbouring voids, and there has also been some interest in
micromechanical modelling of nucleation and void deformation in the final stages prior to failure

by coalescence.

1.1.2.3 Void Coalescence

Metallurgical studies have shown that voids coalesce either by the formation of a shear
band between adjacent voids [68,72] or by necking of the inter-void ligament [68,73,74] until
complete impingement of adjacent voids is realized [75]. Sun Jun [73] has summarized void

impingement under varying degrees of stress triaxiality, as shown schematically in Figure 1.8.

Voids may coalesce at the void-nucleation strain or following void growth depending on
the current stress and the plastic limit-load stress of the matrix material [44]. When the current
stress is larger than the plastic limit-load stress, microvoids coalesce at the void-nucleation
strain, resulting in nucleation-controlled ductile fracture [31,76]. Otherwise, ductile fracture

occurs through three phases. that is, nucleation, growth, and coalescence.

-14-






